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ABSTRACT 
 

Stable social development requires novel approaches for energy production, 

distribution and storage combined with reasonable restrictions of the environmental 

impact. The fuel cell-based technologies, as well as the separation of gases from 

mixtures, particularly implemented into innovative power plant concepts, are therefore in 

the scientific and political focus. 
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At the very core of these technologies are selected materials from a number of 

classes ranging from purely organic- and inorganic-based matrices to the precious metals 

and alloys that all ought to meet well defined operation-relevant conditions and 

efficiencies. 

Depending on the targeted application, each material foreseen as a base for 

component development has to be evaluated individually and its properties have to be 

modified in terms of corresponding application requirements. In order to elaborate 

tailored ceramic materials for gas separation and ion/electron transport at the relevant 

operating conditions and stability ranges, improved electrical or ionic conductivities and 

permeation rates are required. That can be achieved by doping and substitution which are 

actors on a nano-scale that usually lead to macroscopic impacts. 

This chapter is dedicated to the fascinating world of tailoring ceramic materials for 

energy and environmental applications. Selected approaches to tune ceramics will be 

discussed to illustrate the versatile effects that compositional variation can have on the 

macroscopic properties, e.g. the conductivity of protons, oxygen ions and/or electronic 

carriers, stability, etc. The present chapter will therefore consider the structural features 

of selected material classes, as well as the principles of transport in bulk and microporous 

solids. It will furthermore illustrate and discuss the effects of selected additives and 

substituents on sinterability, electrical/ electrochemical properties and stability of selected 

ceramic materials for energy and environmental applications. The material variety will 

cover ceramic materials with different crystal structures like fluorites, perovskites, 

pyrochlores, fergusonites, as well as selected zeolite structures. 

 

Keywords: Doping, substitution, ceramic materials, fluorites, perovskites, pyrochlores, 

fergusonites, zeolites, dense ceramic membranes, microporous membranes, ionic 

conductors, mixed ionic-electronic conductors, molecular sieve, gas separation from 

mixtures, solid oxide fuel cells 

 

 

1. INTRODUCTION 
 

Sustainable social development requires novel technologies in electricity production, 

distribution and storage combined with less environmental impact. Wider use of renewable 

energy with linked and adopted energy storage, more efficient energy conversion with fuel 

cell technologies as well as the separation of gases from mixtures, particularly implemented 

into innovative power plant concepts, are therefore in the scientific and political focus. The 

reduction of CO2 emissions from power plants fired by coal or gas can be achieved with gas 

separation techniques based on the membrane technology with significantly lower efficiency 

losses compared to the conventional separation techniques [1]. 

In addition to the gas separation, ceramic membranes are also used as a dense solid 

electrolyte in high-temperature fuel cells, either as an oxygen ionic conductor in solid oxide 

fuel cells (SOFCs) or as a proton conductor in proton-conducting SOFCs (PC-SOFCs). 

Despite the relatively mature state of SOFC technology, PC-SOFCs represent an 

alternative technology for clean electricity production that offers several benefits regarding to 

fuel utilization, overall efficiency, and system simplicity. Both types of fuel cells can be 

operated with reformed fossil fuels and with hydrogen from renewables. 

Depending on the targeted application, each material foreseen as a base for component 

development has to be evaluated individually and its properties have to be modified in terms 
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of the corresponding application requirements. Usually, elevated temperatures are required to 

use ceramic materials as support, electrolyte or electrode material in solid oxide cells (SOCs) 

applied as electrolyser cell, as fuel cell or as membrane system. 

However, the strict requirements limit the range of candidate materials that can operate 

efficiently under the relevant conditions maintaining their functionality and durability in the 

long term without significant performance degradation. 

Briefly, these requirements for a ceramic electrolyte material in a PC-SOC (Figure 1A 

[2]) are high protonic conductivity, very low electronic contribution, good compatibility to 

the anode and cathode materials, proper thermal expansion coefficient and mechanical 

strength. 

In order to be implemented in the H2 separation technology, a reasonable mixed protonic-

electronic conductivity is required (Figure 1B [2]) together with a number of similar demands 

on durability, compatibility, and mechanical stability (with respect to re-oxidation). 

High-temperature proton conductors can also be applied as sensors for quantification of 

H2 and humidity. Gas sensing with sufficient accuracy can be performed not only in hot gas 

streams but also in molten salts or metals, covering a wide detection range of H2 

concentration. The EMF voltage and the degree of hydration together with the kinetic effects 

of the electrocatalysts on surface reactions allow the development of sensors for detection of 

H2, CO and water for very particular applications [3]. 

In order to elaborate tailored ceramic materials for specific gas separation and 

ion/electron transport at the relevant operating conditions and required stability ranges, 

improved permeation rates and electrical or ionic conductivities are needed which can be 

achieved by doping and substitution. Often a compromise between the relevant operating 

conditions and material’s functional properties has to be found, which can only be realized by 

changing the composition. In this context, minor additives or substitution of larger amounts of 

one or more host elements can act as a powerful tool for attaining the necessary material 

properties. Doping and substitution are actors on the atomic scale that usually lead to 

macroscopic impacts. Doping does not modify the crystal lattice structure of the host material 

and the atoms, the so-called “dopants”, do not interact with each other. In the case of 

substitution, a large number of atoms are exchanged leading to crystallographic changes 

(lattice parameters, distortions, order/disorder on sub-lattices) and playing a significant role in 

the defect-chemical relations as a function of numerous internal and external parameters. 

 

 
Reproduced from [2] by permission of Woodhead Publishing Ltd. 

Figure 1. Schematic illustration of the operating principle of A) PC-SOFC and B) H2-separating 

membrane. 



Mariya Ivanova, Sandrine Ricote, Stefan Baumann et al. 224 

However, new functional properties are achieved as a macroscopic outcome either by 

creating disorder, introducing additional energy levels to the originally available or stabilizing 

specific local structures, and electronic or energetic states. 

The focus of the present chapter is tailoring ceramic materials for energy and 

environmental applications. Selected approaches to tune ceramics will be discussed to 

illustrate the versatile effects that compositional variation can have on the macroscopic 

properties, e.g. the conductivity of protons, oxygen ions and/or electrons, the catalytic 

activity, the mechanical stability etc. The present chapter will therefore focus on and discuss 

the structural features of different material classes, as well as the transport principles 

governing the mass transfer in dense and microporous solids. It will furthermore give 

examples of tailored ceramic systems in order to illustrate the influences of selected additives 

and substituents on properties like sinterability, mechanical and chemical stability, as well as 

electrical and electrochemical behavior. The variety of materials covers oxide ceramics of 

different structural types (e.g. fluorites, perovskites, pyrochlores, etc.), as well as 

representatives of microporous structures, e.g. selected zeolites, all having potential use in 

different energy and environmental applications. With respect to the transport properties of 

the materials, the chapter gives an insight into crystalline matrices with dominant anionic (O
2-

), protonic or mixed ionic-/protonic-electronic conductivity. 

 

 

2. STRUCTURAL FEATURES OF SELECTED MATERIAL CLASSES 
 

2.1. Oxides with Fluorite Structure (MO2) 

 

In the oxides with fluorite structure, the cations are 8-fold coordinated in face-centered 

cubic arrangement, while the anions are 4-fold coordinated and occupy tetrahedral sites. Ionic 

conductivity is usually promoted by incorporation of di- or trivalent cations and the 

associated formation of oxygen vacancies as shown in Figure 2 [4]. Fluorite-structured oxides 

usually show low levels of activation energies for migration of oxygen ions, therefore high 

ionic conductivity is observed. 

 

 
Adapted from [4]. 

Figure 2. Schematic illustration of the fluorite (MO2) lattice with visualized ion positions (blue: O
2-

 red: 

M
4+

) and hopping mechanism of an oxygen ion to the neighboring oxygen ion vacancy in the anionic 

sublattice. 
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Compounds with fluorite structure like ZrO2, CeO2, δ-Bi2O3, HfO2, ThO2 [5-8] are 

known for their good oxygen ion conductivity. Typically, the highest ionic conductivity for 

substituted materials is achieved using cations with ionic radius matching well the radius of 

the tetravalent host cations. Furthermore, in some cases, as for example ZrO2, the substituent 

is necessary to stabilize the cubic fluorite structure at room temperature. 

From a practical point of view, the most studied oxides with fluorite structure are ZrO2, 

CeO2 and δ-Bi2O3 in the last decade. 

Their high conductivity is ascribed to the structure tolerance to some degree of disorder 

and the high ionic mobility due to the open character of the structure. Further properties 

depending on substitution will be discussed in the next sections. 

 

 

2.2. Oxides with Perovskite Structure (ABO3) 
 

Perovskites are oxides with the general formula ABO3. The crystal structure is named 

after the Russian mineralogist Lew Alexejewitsch Perowski (1792–1856) and is shown in 

Figure 3 with the origin on the A-site cation. 

The ideal perovskite structure can be regarded as a cubic close-packed structure of the 

oxygen ions and the A-site cations layers stacked along the cubic [111] direction. The 

resulting sites within the oxygen octahedra are occupied by B-site cations [9]. 

Apart from the mineral perovskite (SrTiO3) with ideal perovskite structure, a wide range 

of oxides belong to this structure type. The A-cation can be monovalent, divalent, or trivalent, 

while the B-cation is tri- to hexavalent compensating the charges of the A-cation. 

Moreover, the cations can be widely substituted by other aliovalent cations with stability 

ranges at values of Goldschmidt tolerance factor, t, between 0.8 and 1.0 (Equation 1): 

 

 OB

BA

RR

RR
t






2
               (1) 

 

where RA, RB, and RO are the radii of the A-cation, B-cation, and oxygen anion, respectively. 

 

 

Figure 3. Schematic illustration of the perovskite lattice with visualized ion positions. 
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With decreasing t-value the structure becomes more and more disordered changing from 

cubic to tetragonal or orthorhombic symmetry. t-values above 1 result in the formation of the 

hexagonal (rhombohedral) structure. 

Due to the crystallographic flexibility and the fact that the electrical properties can be 

tuned by selective substitution, perovskites are widely studied for application in 

electroceramics, catalysis, energy conversion processes, thermoelectrics, ion conductors, 

superconductors, etc. [10]. 

 

 

2.3. Oxides with Pyrochlore Structure (A2B2O7) 
 

The general formula of the pyrochlore family is A2B2O7, with A
3+

 and B
4+

 or A
2+

 and 

B
5+

. The A-cations are located within distorted cubes of oxygen ions (6 A-O and 2 A-O' with 

a shorter A-O' bond), while the B-cations reside in trigonal antiprism of equidistant oxygen 

ions (6 B-O). From a crystallographic point of view, the formula can be written A2B2O6O' as 

there are four crystallographic non-equivalent kinds of atoms [11]. As mentioned in [11], one 

often finds in the literature that the polyhedra for the A- and B-cations are cubic and 

octahedral, respectively, which is not entirely correct. Many pyrochlore compositions 

crystallize in the cubic structure, with the Fd3m space group, and a lattice parameter (a) of 

about 10 Å (with 8 molecules per unit cell). 

There are two ways of determining the positions of the atoms in the pyrochlore lattice 

[11-13]. If the origin is set on the B-cation (position 16c), the A-cations are at 16d, O at 48f 

and O' at 8b. Instead, if the origin is set on the A-cation (16c), the positions of B-cation, O 

and O' are respectively 16d, 48f and 8a, respectively. The pyrochlore can be visualized as a 

disordered fluorite. The fluorite (AO2) is formed of a face-centered (FCC) cubic lattice of A-

cations, with the 8 oxygen anions occupying the tetrahedral sites as shown in Figure 2 and 

Figure 4A. For the oxygen-deficient fluorite, A- and B-cations are randomly positioned on the 

cation sublattice and 7 oxygen ions are distributed over the 8 equivalent tetrahedral sites 

(Figure 4B) leaving one vacant site. However, in the case of the pyrochlore (Figure 4C), the 

A- and B-cations have distinct positions on the cation sublattice, leading to three kinds of 

tetrahedral positions for the oxygen anions (4 A-cations as neighbors (8b), 4 B-cations (8a) or 

2 A- and 2 B-cations (48f)). 

 

 
(a)   (b)   (c) 

Figure 4. Schematic visualization of: A) fluorite AO2; B) disordered deficient fluorite A2B2O7 and C) 

pyrochlore A2B2O6O'. The purple, green, red and black colors correspond to the A-cations, the B-

cations, the oxygen anions and the oxygen vacancies, respectively. For the sake of illustration the 

random occupation of A- and B-cations has been marked with the purple-green balls [14]. Reproduced 

from [14] by permission of  Elsevier Ltd. 
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Six oxygen atoms occupy the 48f sites, the seventh on the 8b site and the 8a site is 

unoccupied. The oxygen atoms on the position 48f are shifted towards B-cation by a 

parameter called “x”, which is equal to 0.375 in the case of a perfect pyrochlore. 

Structural disorder occurs easily in pyrochlores by partial reversion of the pyrochlore 

structure towards the fluorite structure [15]. The stability field of the pyrochlore structure 

depends on the ratio of the ionic radius of the A-site ( 3A
r ) to that of the B-site ( 4B

r ) and it 

can vary in the range of 80.1/46.1 43   BA
rr [15, 16] for the pyrochlore structure of 

zirconates and titanates. 

 

 

2.4. Oxides with Lower Structural Symmetry (ABO4, A=Ln, B=Nb, Ta) 
 

Rare earth ortho-niobates (LnNbO4) and tantalates (LnTaO4) occur in two structure types. 

At room temperature the niobates and most of the tantalates have fergusonite structure 

(referred to as monoclinic distortion of the scheelite structure) which transforms to the 

scheelite structure at high temperatures (tetragonal symmetry) [17]. 

As previously reported [18-20], the scheelite-to-fergusonite transition can be described as 

a shear transformation in which the scheelite structure is partially conserved while certain 

sheets are slightly shifted. The scheelite structure can be described as two intercalated 

diamond lattices, one for the A-site cation and the other for the B-site cation [21]. The A-site 

cation is coordinated by eight oxygen ions and the B-site cation is tetrahedrally coordinated 

by the oxygen ions. 

In the fergusonite polymorph, A- and B-sites are coordinated similarly to the scheelite 

form, with two additional near-oxygen sites at each B-site cation. The temperature of phase 

transition for LaNbO4 is in the range of 495–520 °C [17-19, 22, 23] as indicated in Figure 5. 

 

 

Figure 5. Schematic illustration of the Fergusonite and Scheelite structure with phase transition 

temperature for LaNbO4 [24]. 
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Figure 6. Chain of tetrahedrally configurated silicon and oxygen. 

 

Figure 7. Tetrahedrally configured silicon and oxygen (left) forming sodalite or the so-called β-cage. 

Depending on the number of units and their combination, a number of zeolite structures can thus be 

formed: SOD: sodalite; LTA: zeolite type A; FAU: faujasite; emt: a hexagonal variant of FAU present 

in zeolite EMC-2 [26]. 

LaTaO4, CeTaO4 and PrTaO4 are also monoclinic at room temperature but they transform 

to orthorhombic symmetry and the phase transition displays significant hysteresis. The 

transition temperatures on heating/cooling are 175/150 °C for LaTaO4, 818/729 °C for 

CeTaO4, and 1300/1205 °C for PrTaO4 [25]. 

 

 

2.5. Microporous Networks: Zeolites ((M
2+

M
+

2)O ∙ Al2O3 ∙ N SiO2 ∙ M H2O) 
 

Zeolites are crystalline tectosilicates and their chemical composition may be given with 

the general formula (M
2+

M
+

2)O ∙ Al2O3 ∙ n SiO2 ∙ m H2O. Silicon is tetrahedrally coordinated 

with oxygens. The [SiO4]
4-

-tetrahedra are connected by vertex-shared oxygens (Figure 6) thus 

creating a three-dimensional fully cross-linked solid framework. 

In Figure 7 the β-cage as repeating element of the sodalite 3D framework is shown as an 

example. 
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(a)   (b)            (c) 

Figure 8. Window openings composed of A) 8 [SiO4]
4-

-tetrahedra in LTA, B) 10 [SiO4]
4-

-tetrahedra in 

MFI and C) 12 [SiO4]
4-

-tetrahedra in FAU. Diameters are given in Å [27]. 

Inside the crystalline structure open cages and channels are formed with entrances called 

windows. Examples of windows with different diameters are shown in Figure 8. The size of 

the windows differs for the numerous zeolites and is determined by the number of [SiO4]
4-

-

tetrahedra. Depending on the crystal structure windows in the range of 0.3 and 0.9 nm can be 

created, which fit the size of small gas molecules. This structural particularity makes zeolites 

attractive for numerous of industrial applications, among them gas separation by adsorption 

and membrane separation. 

Up to 50% aluminum can be incorporated into the framework instead of silicon (e.g. 

zeolite LTA). The missing positive charge of the trivalent aluminum is compensated by 

additional alkali or alkaline earth metal ions. These extra-framework cations can be easily 

exchanged which is practically used in washing agents for water softening. The extra-

framework cations influence the open space in the cages and the size of the windows as well. 

Polar sites in zeolites with high alumina content make the crystals hydrophilic and are the 

reason for pore filling with water at ambient conditions. The water can be completely 

desorbed by heating (at temperature of 200 °C or higher, depending on the zeolite type) 

without losing the crystalline structure of the zeolites. In low Al-containing zeolites with 

neutral frameworks, the cavities can be completely empty. The crystal structure of some 

zeolites is stable even at temperatures up to 800 °C [28], an attractive feature for certain 

applications, e.g. catalytic cracking, at elevated temperatures. 

 

 

3. PRINCIPLES OF TRANSPORT THROUGH THE BULK SOLIDS 
 

3.1. Oxygen Ionic and Mixed Oxygen Ionic-Electronic Conduction 
 

Inter-ionic forces retaining ions at their regular positions in the crystal lattice allow 

certain fluctuations around their equilibrium state. The average energy of such heat 

fluctuations is about 0.03 eV at room temperature and about 0.1 eV at 600 °C. In order to 

break the bonds between the ions, energy of at least 0.5 eV is required. When this barrier is 

overcame, ions jump from their regular position in the lattice to an interstitial site or an 

adjacent vacant position, thus being the reason for ionic conduction. The energetic states of an 
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interstitial ion and an ion positioned in a regular crystal lattice site are not equal: less energy 

is required to move the interstitial ion. 

In addition, ionic mobility is also promoted when open layered crystalline structures, 

easily polarized M-O bonds and lower coordination numbers of mobile ions are present. 

These structural requirements are best fulfilled for oxides with fluorite, perovskite, and 

pyrochlore structure. Equilibrium concentration of the point defects increases exponentially 

with temperature. The ionic conductivity, ion , can be written according to Equation 2: 

 











kT

E
AqCn act

cion exp
             (2) 

 

where nc is the concentration of the vacant positions, С is the concentration of the adjacent 

equivalent positions, q and μ are the charge and the mobility of the charge carriers, A is a pre-

exponential term, Еact is the activation energy for ionic conductivity, and finally, k and Т are 

the Boltzmann constant and the absolute temperature, respectively. The pre-exponential 

coefficient is a complex term and takes several parameters into account as given with 

Equation 3: 
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In this equation, l is the distance to z nearest equivalent positions with the probability (1-

nc) of being vacant; ν0 is the jump frequency for ions (10
12

-10
13

 Hz) and f is a geometrical 

factor depending on the jump trajectory. C and nc have the same meaning as explained above 

and ΔSm is the entropy of migration, m standing for migration. The mobility of ionic defects, 

ion , can be described by the Nernst-Einstein relation (Equation 4), where F, R , T  and iD  

are the Faraday constant, the gas constant (J·mol
-1

·K
-1

), the absolute temperature and the 

diffusivity (cm
2
·s

-1
), respectively: 

 

TR

DF i
ion






                (4) 

 

Mixed oxygen ionic-electronic conductors (MIEC) combine ionic and electronic 

conductivity. Therefore, an external electrical circuit can be avoided in MIEC-based systems 

and operating in an oxygen chemical potential gradient (Figure 9). For their practical 

applicability, MIECs have attracted great interest [29]. 

The oxygen transport through dense solid membranes can be described using the Wagner 

equation [30]: 
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where L is the membrane thickness, σel and σion are the electronic and ionic conductivity, 

respectively, 2Op  and 2Op   are the oxygen partial pressures at the two sides of the 

membrane. 

Equation 5 implies that the oxygen flux becomes infinite when reducing the membrane 

thickness towards zero and it only considers solid state diffusion. In any case, the surface 

exchange of oxygen also has to be taken into account. Depending on the membrane thickness 

and the specific operating conditions, surface kinetics can partially control the transport 

process. Therefore, Bouwmeester et al. [30] proposed a reduction factor to be taken into 

account (Equation 6): 
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s
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L
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               (6) 

 

where Lc is the so-called characteristic thickness, Ds the self-diffusion coefficient, and ks the 

surface exchange coefficient. Then Equation 6 can be re-written as: 
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            (7) 

 

This reduction factor leads to a limiting value of the oxygen flux depending on the 

material properties, as shown in Figure 10. 

In order to manufacture membranes for practical use, which are favourably designed as a 

thin functional layer, a reasonable mechanical stability is also required. This can be achieved 

by using of a substrate with sufficient porosity and gas permeability. As shown recently by 

Baumann et al. [31] the support plays a significant role in the oxygen permeation because of 

the limited gas diffusion through the pores. 

 

 

Figure 9. Oxygen transport in mixed ionic-electronic conductors (MIECs). 
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When high oxygen permeation rates are realized, the concentration polarization in the 

adjacent gas phase can become an important parameter [32, 33]. 

 

 

3.2. Protonic and Mixed Protonic-Electronic Conduction 
 

High temperature proton-conducting (HTPC) oxides take up protons from water vapor or 

hydrogen-containing atmospheres. According to Kreuer [34], in large band gap oxide 

materials (e.g. perovskites) protons are formed by dissociative absorption of water which 

requires the presence of oxygen ion vacancies (


OV ). 

Water from the atmosphere dissociates into hydroxide ions and protons; the hydroxide 

ion fills the oxygen vacancy, and the proton forms a covalent bond with the lattice oxygen 

[34-42]. 

The successive formation and annihilation of protonic defects, according to Kreuer, may 

be written with the following equations in Kröger-Vink notation: 

 
  O

X

OOg OHOVOH 2)(2 , 
  1

21


 KKK

            (8) 

 
X

OgO OhOHOOH 22212 )(22  

, 
 1K

            (9) 

 

2212 OVOh O

X

O  

, 
 2K

            (10) 

 

where 


OV stands for oxygen vacancy, 
X

OO  is oxygen in a regular crystal lattice site, 


OOH  

denotes the protonic defect, 
h is an electronic hole, and K1 and K2 are the equilibrium 

constants for hole and oxygen vacancy formation. Subscript (g) stands for gaseous phase. The 

formation of protonic defects given in Equation 8 is a linear combination of Equation 9 and 

Equation 10. 

In the presence of hydrogen in the environment (Equation 11) protons are formed 

accordingly: 

 

eOHOH O

X

Og
  222

)(2
            (11) 

 

where e  is the Kröger-Vink notation for electrons. 

The formation of protonic defects can be considered as an amphoteric reaction, because 

the water molecule splits into a hydroxide ion and a proton. The oxide material 

simultaneously acts as an acid (absorption of hydroxide ion by oxygen ion vacancy) and as a 

base (protonation of lattice oxygen ions). Kreuer suggests that the adsorption of hydroxide ion 

by an oxygen vacancy is the dominating step in binary rare earth oxides possibly due to the 

small local variation of the lattice basicity in rare earth oxides. The protonation of the lattice 

oxygen ions seems to dominate in perovskite-type oxides due to the low formation enthalpies 

of oxygen ions as a result of low bond strengths and strong relaxation effects. 
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Figure 10. Oxygen permeation rate as a function of the membrane thickness according to Wagner 

theory (solid line) and considering an arbitrary Lc of 20 µm (dotted line). 

Since protons are located in the electronic cloud of the host oxygen ions and move freely, 

they are often considered as interstitial defects notified by (


iH )
 
[43, 44]. 

If not intrinsically present in the material, the oxygen vacancies are created by 

doping/substituting some of the host cations by lowervalent cations. 

An example is given in Equation 12 when the substitution of B
4+

 cations by M
3+ 

cations 

causes formation of oxygen vacancies: 

 

232 222 BOVMOMOB OB

X

O

X

B  

          (12) 

 

where 
X

BB is B
4+

 cation positioned in an ordinary crystal lattice site, BM   stands for M
3+

 

cation doped/substituted on B site thus generating an effective negative charge. 

When the host oxide lattice is modified by acceptor doping or substitution (depending on 

the level) as shown in Equation 12, protonic defects are then competing with other positively 

charged defects as electron holes (
h ) and oxygen vacancies (



OV ) to maintain 

electroneutrality (Equation 13): 

 

][][][2][][ eMVhOH BOO
 

           (13) 

 

The formation of protonic defects is accompanied by a significant weight increase. The 

proton concentration can be calculated using a thermobalance to determine the water uptake 

[34, 45-47]. The dependence of protonic defect concentration on temperature and water 

partial pressure gives information about the protonic defect stability. The equilibrium of the 

hydration reaction (Equation 8) shifts to the left with increasing temperature since the 
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reaction is exothermic (negative hydration enthalpy). Thus the hydration enthalpy is a 

measure for the proton stability: the more negative the hydration enthalpy, the higher proton 

content and dehydration temperature. Based on thermodynamic data available for several 

perovskites [48, 49] the electronegativity of the cations that interact with the lattice oxygen is 

correlated to the enthalpy of the hydration reaction. 

It was found that the hydration reaction becomes more exothermic with decreasing 

electronegativity of the cations (with decreasing Brønsted basicity). Moreover, the most 

negative enthalpies are reported for similar electronegativities of A- and B-site cations. 

Furthermore, the crystal symmetry and chemical nature strongly affect the stability and 

mobility of protonic defects. Structures of higher symmetry are known to exhibit the highest 

values of conductivity, which usually decreases with decreasing the symmetry [50]. 

Furthermore, closely packed structures are considered to be beneficial for the protonic 

transport due to the shorter O-O bonds that are the paths for protonic transport. However, 

some exceptions exist, for example the case of Al2O3 which is a proton blocker. Molecular 

dynamics studies on perovskite compounds show that a symmetry decrease leads inevitably to 

lower proton stability. Basic oxides stabilize the protonic defects but their basicity definitely 

is not beneficial in terms of chemical stability under reduction environments [49]. 

Two basic mechanisms describe the proton diffusion [51]. Vehicle facilitated mechanism: 

Proton migration is assisted by the translational dynamics of bigger species, and thus protons 

move together with “a vehicle” (molecular diffusion). The electroneutrality is maintained by 

the counter-diffusion of un-protonated vehicles. Grotthuss mechanism: The protons are the 

only mobiles species, while the oxygen ions are located in the vicinity of their 

crystallographic position. The principal features of this transport mechanism are rotational 

diffusion of protonic defects and proton transfer to an adjacent oxygen ion as shown in Figure 

11 and they both contribute to the mobility enthalpy [50, 52-54]. 

For structural reasons, the Grotthuss mechanism is most likely to take place in oxides 

than migration of hydroxyl ions. For perovskites as the most studied proton-conducting 

materials, it is considered that the proton transfer is the rate limiting step. 

However, there is still discrepancy on the kinetics of the reaction mechanism. Some 

experiments [55, 56] and quantum molecular dynamics simulations [57, 58] revealed that the 

proton transfer reaction is the rate-limiting step, while infrared measurements favour fast 

proton transfer rather than fast reorientation process [54]. 

With increasing temperature a gradual transition from Grotthuss to vehicle facilitated 

mechanism can be expected due to elongation and breaking of the hydrogen bonds which may 

suppress proton transfer and release translational degree of freedom. 

The protonic conductivity given in Equation 14 is a product of the charge ( FzF   for a 

proton), the concentration (
3, cmmolCH ) and the mobility of the protonic defects  

(
112,   VscmH ) as follow: 

 

 
HHH

CF 
             (14) 

 

The mobility of protonic defects and the Arrhenius expression for protonic conductivity 

can be expressed with Equation 4 and Equation 2, respectively, in which subscript i for ionic 

is replaced by subscript H
+
 for protonic. 
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Figure 11. Mechanism of the incorporation of water and proton transport via the Grotthuss mechanism. 

The red circles, dark green circles, blue circles and black squares correspond to oxygen ions, protons, 

B-site cations and oxygen vacancies, respectively. 

In proton-conducting perovskites an activation enthalpy of long-range proton diffusion 

not more than 0.15 eV can be expected based on thermodynamic consideration regarding to 

the dynamic hydrogen bonds. However, protonic defects in cubic perovskite-type oxides have 

mobility activation enthalpies in the range of 0.4-0.6 eV [50, 34]. This raises a question about 

the kind of interactions contributing to the increased value of activation enthalpy of proton 

transfer. The reason can be the strong repulsive force between the protons and highly charged 

B-site cations which results in non-linear hydrogen bond formation (elongated bond) and in 

creating a proton transfer barrier. Furthermore, any distortion of the crystal lattice can have a 

pronounced impact on the energetic properties of the host oxygen ions in terms of different 

binding energies to protons. Along with reduction of crystallographic symmetry, local 

structural and chemical perturbations induced by dopants, mixed occupancy of lattice sites, 

trapping effects, lattice relaxations around oxygen ion vacancies etc., can also affect 

significantly the proton mobility and conductivity. In mixed proton-electron conductors 

(MPECs) both protons and electrons contribute as charge carriers to the total conductivity. 

The total conductivity, σtot, of MPECs therefore consists of a protonic (σH+) and electronic 

(σe) conductivity term, according to Equation 15: 

 

  eHtot 
              (15) 
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The total as well as the ionic conductivity of the materials can be directly measured, 

while the electronic conductivity can be calculated by subtracting the ionic from the total 

conductivity term. 

In order to describe the partial conductivities of a material, the transport number is used 

and it can be determined for every charge carrier of interest. The proton and electron transport 

numbers, 
Ht  and 

et  respectively, can be defined according to Equation 16: 

 

tot

H
Ht



 
 

 and tot

e
et



 
 

                (16) 

 

In order to fulfill the electroneutrality requirement (Equation 13) electrons or electron 

holes must additionally be created in the crystal lattice. In the MPEC, electrons move in the 

same direction as the protons. 

The permeation of hydrogen through a dense ceramic membrane is proportionally 

dependent on the ambipolar conductivity, expressed by Equation 15, with σH+ replacing the 

ionic conductivity, σion. Thus the proton flux density through the membrane can be written 

accordingly: 
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            (17) 

 

Mixed protonic and electronic conductivity in ceramic oxides is required for the 

application as hydrogen membranes but also as electrode in PC-SOFC. The promotion of the 

electronic conductivity in classical oxide-based proton conductors by selective doping is very 

challenging due to potential interference of the new electronic carriers with ionic defects. For 

practical application as separation membranes, ambipolar conductivity is required in the 

temperature range from 600 to 1000 ºC. 
 

 

4. MICROPOROUS SOLIDS: GAS FLOW 

DIFFUSION AND MOLECULAR SIZE EXCLUSION 
 

Zeolites are characterized by pores with the size of small gas molecules. Once a gas flow 

through the pores starts, a strong interaction between the gas molecules and the pore walls of 

the zeolite lattice occurs, which can be described by the process known as configurational 

diffusion. 

Depending on the temperature and the gas molecule involved, the process is 

distinguished between solid vibration model (SV) and gas translation model (GT) [59]. 

At low temperatures and strong gas molecule-zeolite interaction, the permeating 

molecules are losing their gaseous character: they vibrate with the zeolite lattice and jump 

from one to the next adsorption site when enough energy is available. In this case the mass 

transfer, surfJ , in this case can be described by the surface diffusion model [60] (Equation 

18): 
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qDJ surfsurf 
              (18) 

The driving force in this process is the gradient of surface loading across the pore length 

or the thickness of the membrane, q. 

The surface diffusion coefficient, Dsurf, is dominated by the jump frequency 0,surfv  and 

jump distance λ of the molecule, as well as the activation energy Eact and the temperature T, 

according to Equation 19: 
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The activation energy correlates linearly with the differential heat of adsorption ∆H. 

When ∆H of an adsorbed component q is known, then the surface diffusion coefficient can be 

calculated using Equation 20: 
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           (20) 

 

At higher temperatures and weak molecule-zeolite interactions the molecules inside the 

pores retain their gaseous character and consecutively the mass transfer can be described by 

the gas translation (GT) model. 

The GT diffusion coefficient DGT defined with Equation 21 is characterized by the mean 

free path, λ, of the molecule, the reliability factor y, molar weight M, temperature T and 

activation energy EA,GT [61]: 
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             (21) 

 

The overall mass transfer through a zeolite material, Jtot, is the sum of the mass transfer 

caused by the gas translation, JGT, and the solid vibration, JSV : SVGTtot JJJ  . 

The selective separation of gases through the zeolite pores is based on size exclusion 

(molecular sieving) and different adsorption of the components (adsorption selective 

separation). 

In the case of adsorption selective separation, all components of the targeted mixture are 

entering the pores of the zeolite. As previously mentioned, the adsorption of the single gases 

inside the pores depends on the temperature, pressure and component concentration. 

Therefore, the selectivity varies with the separation conditions. In the case of molecular 

sieving, only the gas smaller in size is able to enter the pores. Hence, the selectivity is 

independent on the separation conditions. 

Molecular sieving membranes are preferred candidates for selective membranes at high 

temperature and high pressure. 
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5. STRUCTURAL, CHEMICAL AND FUNCTIONAL EFFECTS OF 

ADDITIVES AND SUBSTITUENTS. SELECTED EXAMPLES 
 

5.1. Effect of Additives/Substituents on Sintering Barium Cerate and Barium 

Zirconate 
 

Although oxides may have the required electrical properties, their application can be 

limited by the high sintering temperature for manufacturing dense samples, especially when 

they have to be co-fired with materials which restrict the sintering temperature. The sintering 

temperature can be lowered, in some cases significantly, by adding small amounts of sintering 

aids. Different mechanisms have been proposed, depending on the sintering aid, which will 

not be discussed here. However, for example i) rearrangement of the grains and boundary 

layer diffusion [62-64] or ii) formation of a new phase with low melting point [64] (liquid 

phase sintering) should be mentioned here. 

In order to illustrate the impact of additives on sintering, several examples are considered 

below. 

BaZrO3-based ceramics have been widely studied in terms of protonic conductivity. It 

was reported that these materials require very high sintering temperatures to obtain dense 

samples. Usually temperatures of about 1700 °C or even higher are required for powders 

prepared via the solid state reaction [65-67]. 

These extremely high manufacturing temperatures can be decreased by tailoring the 

morphology of the synthesized powder, for example via the glycine-nitrate combustion 

synthesis [68], or using low temperature synthesis techniques [69], as well as using of milling 

[70] or sintering aids. The later first was used by Babilo and Haile [71] who prepared a 93% 

dense BaZr0.85Y0.15O3-δ (BZY15) ceramics at 1300 °C by adding 4 mol.% of ZnO to the 

synthesized BZY15 powder. They reported that ZnO accumulated at the grain boundaries. It 

was furthermore shown that other additives, e.g. Sc, Ti, V, Cr, Mn, Fe, Co, do not improve 

the sinterability of the material, whereas Ni and Cu were as beneficial as Zn. Tao and Irvine 

[72], who investigated the effect of ZnO on BaZr0.80Y0.20O3-δ (BZY20), claimed that zinc 

enters the lattice and occupies the B-site of the perovskite. Figure 12 represents the shrinkage 

of the BZY20 samples with and without sintering aid. 

The sintering temperature could also be lowered by adding the sintering aid in the 

stoichiometry of the compound during synthesis, i.e. by doping the B-site of the perovskite 

with Ni or Co [73]. 

BaZr0.9Y0.1-xNixO3-δ and BaZr0.9Y0.1-xCoxO3-δ (x=0.01 and 0.02) were prepared by solid 

state reaction at 1400 °C and sintered at 1450 °C, leading to 94% dense samples (compared to 

80% without Ni or Co doping). 

Figure 13 shows a photograph of pellets before (a) and after (b) sintering: there is a much 

higher shrinkage for the compounds with Ni and Co, as similarly was illustrated in Figure 12 

for BZY20. 

Since the use of sintering aids in barium zirconate led to a significant reduction of the 

sintering temperature, similar attempts on solid solutions of barium zirconate and barium 

cerate were investigated. BaCe0.5Zr0.4(Y,Yb)0.1-xCoxO3-δ was sintered at temperatures between 

1300 and 1425 °C and were shown to be stable for x < 0.05, with no obvious segregation of 

Co and without secondary phases that could react with air or wet atmosphere [74]. 
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Figure 12. Shrinkage of BaZr0.80Y0.20O3-δ and BaZr0.80Y0.20O3-δ + 1wt% ZnO. Reproduced from [72] by 

permission of Elsevier Ltd. 

 

Figure 13. Photograph of BZY10, BaZr0.9Y0.1-xNixO3-δ and BaZr0.9Y0.1-xCoxO3-δ (x=0.01 and 0.02) before 

(a) and after sintering (b) at 1450 °C. 

BaCe0.5Zr0.3Y0.15Zn0.04O3-δ was prepared at 1325 °C [75]. BaCe0.2Zr0.7Y0.1-xCoxO3-δ and 

BaCe0.2Zr0.7Y0.1-xNixO3-δ (x= 0.01 and 0.02) were prepared by sintering at 1450 °C [73, 76]. 

Guo et al. [77] investigated the effect of zinc on the sintering of BaZr0.4Ce0.4Y0.2O3-δ and 

showed that it was more effective when added as oxide to the synthesized BCZY powder than 

when added as nitrate during the sol-gel process. Apart from using a number of additives or 

modifying the powder properties by powder synthesis methods, another way to influence the 

sinterability and to lower the sintering temperature is the development of a proper technology 

during component manufacturing, for example the so-called in situ solid state transformation 

[78-81]. Here dense layers of substituted BaZrO3 or BaCeO3 were manufactured at 1300-

1400 °C after screen printing a BaCO3 layer onto layers of 8 mol.% Y2O3-stabilized ZrO2 

(YSZ) or 20 mol.% Gd2O3-substituted CeO2 (CGO). As a result, a dense gas-tight BaZr1-

xYxO3-δ or BaCe1-xGdxO3-δ layer was formed. 
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5.2. Effect of Additives/Substituents on Electrical and Electrochemical 

Properties 
 

The electrical properties of materials are influenced by a number of factors: the type and 

concentration of the dopant/substituent (defect concentration), the mobility of charge carriers, 

temperature, atmosphere etc. In this paragraph we focus on the conductivity-dopant 

correlation for various ionic and protonic conductors. 

 

5.2.1. Oxygen Ionic and Mixed Oxygen Ionic-Electronic Conductors 

 

Oxides with Fluorite Structure 

 

ZrO2 

Yttria-stabilized zirconia (YSZ) is a widely used material for manufacturing of SOFC 

electrolytes due to several criteria: i) its pure ionic conductivity at elevated temperatures 

(800-1000 °C); ii) its very good mechanical and red-ox stability in the range of pO2 from 1 tо 

10
-18 

bar, as well as iii) its moderate price [6, 82, 83]. 

Introducing substituents in ZrO2 usually has two major functions [84]: stabilization of the 

high temperature cubic polymorph down to room temperature and generation of oxygen 

vacancies responsible for the ionic conductivity of YSZ at high temperatures. 

Formation of oxygen vacancies can be written according to the quasi-chemical reaction in 

Equation 22: 

 
 O

X

OZr

ZrO VOYOY 322

32            (22) 

 

The result of rare earth (RE) substitution on the structural stability is summarized in 

Table 1 [85]. 

 

Table 1. Influence of different RE elements on the structure of ZrO2. C, M, T and Rh 

refer to cubic, monoclinic, tetragonal and rhombohedral phases, respectively, formed 

after high temperature sintering 

 

x 
Crystal structure of Zr1-xRExO2-x/2 

Sc Yb Er Y Dy  Gd Eu 

0.05 

C. + T. C. + T. C. + M. 
C. + T. M. 

C. + T. 

T. 

0.06 

0.07 

C. 

C. + M. 

0.08 

C. 

C. C. C. C. 

0.09 

0.10 

0.11 

Rh. C. 

0.12 

0.13 

0.14 

0.15 
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Ionic conductivity of ZrO2 substituted with rare earths (Y2O3, Yb2O3, Gd2O3) ranges from 

about 1·10
-1

 S·cm
-1

tо 1·10
-2

 S·cm
-1 

[86]. Ionic conductivity (0.1 S·cm
-1

) was measured for 10 

mol % Y-stabilized ZrO2 at 1000 
о
С [83]. At 800 °C this material exhibits ionic conductivity 

of 1.5·10
-2

 S·cm
-1

, so that thin membranes can assure reasonable current densities at these 

temperature [87, 88]. Apart from Y2O3, ZrO2 can be structurally stabilized by means of e.g. 

NaO, CaO, MgO, Al2O3, and RE-sesquioxides with bigger cation than Y [86, 89, 90] but this 

affects negatively the electrical properties. 

 

CeO2 

Doped/substituted ceria has been proposed and investigated for several applications, e.g. 

as electrolyte [91, 92] and anode [93, 94] in SOFCs, mixed-conductive membranes for 

oxygen separation [29, 95], catalyst for partial oxidation of hydrocarbons [96, 97], oxygen 

sensors [98], oxygen storage materials and catalysts for other industrial processes [99, 100]. 

Ceria-based compounds are especially attractive for these applications since they combine 

high oxygen-ion mobility, catalytic properties, chemical compatibility with water and carbon 

dioxide at high temperatures and sufficient resistance to reduction under relatively low 

oxygen partial pressures below 500 °C. The ion conduction of ceria-based materials is one of 

the highest reported for oxide ceramics. Therefore these materials received much attention as 

candidates for SOFC electrolyte operating in the intermediate temperature range of 450-550 

°C. 

The prototype compound Ce0.8Gd0.2O1.9 (CGO) exhibits ionic conductivity of 0.1 S·cm
-1

 

at 750 °C, while similar conductivity is achieved for YSZ at 1000 °C. The application as solid 

electrolyte for SOFC based on Ce1-xGdxO2-0.5x (0<x<0.3) was reported in [101]. It was found 

that the Gd content strongly affects the size of crystal grains and the grain boundaries 

blocking the charge carriers which is not only due to the grain size but also due to the 

microstructure and chemical characteristics of the boundaries. Apart from the high ionic 

conductivity of this oxide, the relatively low reactivity with other cell components led to the 

use of these materials as protection layers [102] (or cation diffusion barrier) and as a 

component in composite electrodes, e.g. LSFC-CGO cathodes. 

At low oxygen partial pressures, Ce
4+

 cations are easily reduced to the Ce
3+

 for charge 

compensating the oxygen vacancies formed while the fluorite structure is retained. The 

material exhibits n-type electronic conductivity due to the polaron migration by thermally 

activated hopping, and the induced mixed conductivity limit its application as SOFC anode 

and oxygen membranes subjected to very high pO2 gradients to temperatures not higher than 

550 °C. The main reason for this temperature limitation is a volume expansion accompanied 

by the partial reduction of the cerium ions. The chemical expansion leads to internal stresses 

in the structure and the components which easily result in strong warpage or cracking. 

Substitution with La increases the lattice constant of CeO2 promoting the mobility of 

oxygen ions, although the material becomes more reducible [103]. Dysprosium has been 

proposed as yttrium co-substituent in ceria systems [104] and erbium has been used as a 

substituent in the ceria-zirconia systems for catalytic applications [105]. The addition of 

elements with multiple valence states resulted in some cases in development of mixed ionic-

electronic conductors, i.e. ceria substituted with Tb [106] and Pr [107]. In fact, at high oxygen 

partial pressures both ionic and p-type electronic conductivities are present in Pr/Tb-

containing materials which make them very suitable for O2-separation membranes and SOFC 

cathodes. Specifically, praseodymium has been employed as a substituent for gravimetric gas 
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sensors because it increases the level of non-stoichiometry of ceria in oxidizing conditions 

[108]. However, it has a substitution limit of nearly 30% arising from the high and non-linear 

thermal expansion and the large chemical expansion upon reduction [109]. Furthermore, 

when Y2O3 or CaО are added to CeO2, solid solutions are formed having high stability in a 

broad temperature range [110-114]. 

Ceria co-substitution with Tb and Co allowed polaron hopping between Tb ions of 

different oxidation states and enabled, in turn, achieving an oxygen flux at 1000 °C of ca. 

0.02 and 0.08 ml·min
-1

·cm
2
 for Ar-sweeping, through a thick membrane made of Ce0.9Tb0.1O2-

δ + Co and Ce0.8Tb0.2O2-δ + Co, respectively [106]. These permeation values were increased to 

0.5 ml·min
-1

·cm
-2

 at 1000 °C (Ce0.9Tb0.1O2-δ + Co sample) by using methane as a sweep gas. 

The additional cobalt content enhanced the sintering and densification of the specimens and 

led to significant increase of the total conductivity mainly due to (i) the improved material 

reducibility at high temperatures and the associated raise in the electronic conductivity; and 

(ii) the increased concentration of oxygen vacancies. 

Despite all beneficial features of CeO2-based materials, main disadvantage of these 

materials is the significant change of stoichiometry leading to chemical/compositional and 

structural instabilities, especially at high temperatures and in reducing atmospheres. 

 

Bi2O3 

The high-temperature modification of Bi2O3 (δ-Bi2O3) exhibits fluorite structure. 

However, δ-Bi2O3 is stable only in a narrow temperature range of 730 °C to its melting point, 

825 °C. Below 730 °C, the α-Bi2O3 phase having monoclinic structure is stable and electronic 

conductivity prevails. 

Bi2O3 forms a large variety of solid solutions with other metal oxides having very high 

oxygen ion conductivity. The most promising systems are Bi2O3-M2O3, with M = Y and RE 

elements. Most of the Bi2O3-M2O3 solid solutions crystallize either as fcc δ-Bi2O3, or as 

rhombohedral phase. 

Stabilization of Bi2O3 can be realized either by addition of alkaline-earth oxides (SrO, 

CaO) or RE oxides (La2O3, Y2O3, Er2O3) [115]. The stabilization of δ-Bi2O3 at room 

temperature by tailored substitution with Er and Y is possible. However, thermal cycling 

leads to transformation to the tetragonal phase at temperatures below 600 °C [116]. 

According to [117], the conductivity of Y2O3-stabilized Bi2O3 is 1.0·10
-1 

S·cm
-1 

and
 

1.0·10
-2 

S·cm
-1

at 700 and 500 °C, respectively. 

The combination of Dy and W enabled to obtain the cubic phase in samples with 

substituent levels of 11-17 mol.%, while typically the substitution level is above 25mol.%. 

The conductivity of (Dy,W)-substituted Bi2O3 was reported to be higher (0.4 S·cm
-1

 at 700ºC) 

that that of single Dy- (0.15 S·cm
-1 

at 700ºC) or W- (0.08 S·cm
-1 

at 700ºC) substituted sample 

[118]. 

Similar results were reported for the combination of W-Er or W-Y [119], although the 

cubic δ-Bi2O3 phase was not stable after long-term tests. 

Despite its high ionic conductivity, especially at low/intermediate temperatures (400 – 

700 °C), the ionic conductivity dominates only in a very restricted range of pO2. At low pO2 

(pO2 ≈ 10
-13 

bar) and temperatures of 600 °C Bi2O3 reduces to metallic Bi. The limited 

stability of these materials in reducing environment restricts their practical application. 

However, the most suited fields of application are SOFC cathodes or oxygen-transport 

membranes for the oxyfuel process [120]. 
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Oxides with Perovskite Structure 

Compounds with perovskite structure and dominant ionic conductivity find applications 

as solid electrolytes for SOCs at elevated temperatures. Materials operating efficiently at 

lower temperatures, e.g. below 700-800 °C, are especially attractive [121-124]. 

 

La1-XSrxGa1-YMgyO3-Δ (LSGM) 

LaGaO3 has been an object of numerous studies since about 15 years. Ishihara et al. [125, 

126], K. Huang et al. [127], P. Huang et al. [128], Feng et al. [129] and Goodenough et al. 

[130] identified compositions in the system La2O3-SrO-Ga2O3-MgO as excellent oxygen ion 

conductors with promising application in SOFCs. Materials based on LaGaO3 were 

considered as alternative to the conventional high temperature materials, e.g. YSZ used for 

manufacturing of SOFC electrolytes, mainly due to their higher ionic conductivity at lower 

operating temperatures [131-137]. Partial substitution in LaGaO3 with Sr
2+

 and Mg
2+

 on La
3+

 

and Ga
3+

 positions in the perovskite crystal lattice, respectively, was found to improve 

significantly the oxygen ion conductivity as a result of increased concentration of oxygen 

vacancies [125]. Since SrO and MgO are thermodynamically stable oxides and the cations do 

not change their valence, oxygen vacancy generation is the charge compensating mechanism 

leading to predominant ionic conductivity [125, 126, 136, 138-140] in a broad pO2 range  

(10
-20 

– 1 bar) and at intermediate temperatures. 

The following defect-chemical reaction (Equation 23) describes the substitution of La by 

Sr: 

 

32
2

1
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1

2
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OLaVSrOLaSrO OLa

X

O

X

La  

          (23) 

 

Electrical properties of substituted LaGaO3 are investigated by number of groups and 

plenty of papers are available on that topic [6, 123-128, 130, 132, 134-137, 139, 141-146]. 

Partial substitution on both A- and B-positions in LaGaO3, with rare earths and alkaline 

earths, respectively, and characterization of their properties was carried out in [125-128, 143, 

144, 147-152]. 

Substitution at А-site in LaGaO3 with Ba, Ca, Sr gave the highest ionic conductivities in 

the case of Sr, according to [125]. Furthermore, when Al, In or Mg were added on the B-site 

in La0.9Sr0.1GaO3-δ, best conductivities were measured for substitution with Mg. The 

conductivity of La0.9Sr0.1Ga0.8Mg0.2O3-δ at 800 °C is 1.5·10
-1 

S·cm
-1 

[125], while the 

conductivity of YSZ at the same temperature is 3.4·10
-2

 S·cm
-1 

[86]. Huang et al. [127, 153, 

154] published thorough investigations on LSGM. The authors considered the phase 

equilibrium in the system and characterized the electrical properties of LSGM along with a 

study of the performance of a fuel cell with LSGM electrolyte. 

Kharton et al. [149] investigated ionic and electronic transport in perovskites of the type 

La(Ga,M)O3-δ with M = Mg, Cr, Fe, Co, Ni or Nb. Studies of Trofimenko and Ullmann [150] 

were focused on the correlation between the composition, structure and conductivity in Co-

substituted LSGM. 

Along with the extensive studies on the ionic conductivity as a function of substituent and 

concentration, trapping effects were thoroughly enlightened usually induced by the complex 

co-existence of more than one substituent in the crystal lattice. Khan et al. [148] performed 
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energetic calculations of trapping clusters formed between the substituting ion and the 

oxygen vacancy for LaGaO3 in both cubic and orthorhombic symmetry after the partial 

replacement of La with Sr and Ga with Mg, Cu or Hg. The lowest values for the cluster 

binding energy were found for Sr-


OV  clusters in the cubic modification. The calculations 

also showed that the activation energy changes are negligible for different concentrations of 

Sr. Therefore, oxygen vacancies formed as a result of substitution with Sr would improve the 

ionic conductivity of the material. On the contrary, Mg substituted for Ga traps more 

effectively the oxygen vacancies, as the binding cluster energy is much higher. These results 

find confirmation in experimental studies on La0.8Sr0.2Ga1-yMgyO3-δ where activation energy 

increases and conductivity substantially decreases with increasing Mg content [128]. Based 

on a theoretical model, the authors were able to predict the behavior of trapping clusters 

calculated for different substituents on A- and B-sites in La1-xA
2+

xGa1-yB
2+

yO3-δ, where A
2+

 = 

Sr, Mn, Hg, Fe, Ni, Pb, Cd and B
2+

 = Cu, Hg, Ni, Mg, Co, Mn, Sr, Pb or Cd. 

We refrain from discussing the phase purity and the electrical properties of the possible 

secondary phases that may be formed along with the LSGM. However, an important issue is 

the Ga stoichiometry which should be briefly mentioned, because it is a quite sensitive 

parameter. Ga evaporates at high processing and manufacturing temperatures [145] and even 

small changes in its content affect the phase formation, sintering behavior, and morphology 

along with the electrical properties. It was found that Ga evaporation as Ga2O(g) is mainly 

related to the presence of LaSrGaO4 which has a melting point of about 1400 °С. Usually, 

with the increase of the Ga content, LaSrGa3O7 forms having much lower ionic conductivity 

(2.7·10
-4

 S·cm
-1

 at 800 °C). It was found that the deficiency of gallium helps to form 

additional oxygen vacancies along with those formed due to the aliovalent substitution. On 

the contrary, excess of Ga results in decreasing vacancies concentration and ionic 

conductivity. Table 2 presents conductivities and activation energies of solid ionic conductors 

from the literature [155]. 

 

Table 2. Conductivity data for various solid electrolyte materials 

 

Material Synthesis route Т (°C ) σ (S·cm-1) 
Еact, 

eV (kcal/mol) 

Author 

[Ref.] 

10YSZ 

 

 

8YSZ 

 

c-YSZ 

 

800 

1000 

 

800 

1.5·10-2 

1.0·10-1 

2.0·10-2 

1.05 (24.2) 

 

 

 

 

1.22 (28.1) 

[7,157] 

 

 

[131] 

 

[158] 

Bi2O3:Nd2O3 

CeO2:Sm2O3 

CeO2:Gd2O3 

Pr0.93Sr0.07Ga0.85Mg0.15O3-δ 

BaCeO2.9:20%Gd 

Gd2(ZrxTi1-x)2O7 (x>0.4) 

 

Bi2O3:Y2O3 

 

700 

800 

800 

800 

800 

800 

 

500 

700 

0.85·10-1 

1.4·10-1 

1.1·10-1 

0.9·10-1 

4.1·10-2 

3.2·10-4 

 

1.0·10-2 

1.0·10-1 

 

[114] 

 

 

 

 

 

 

[117] 
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Material Synthesis route Т (°C ) σ (S·cm-1) 
Еact, 

eV (kcal/mol) 

Author 

[Ref.] 

La0.9Sr0.1Ga0.8Mg0.2O3-δ 

 

 

La0.8Sr0.2Ga0.8Mg0.2O3-δ 

Solid state  

600 

800 

600 

800 

1.98·10-2 

1.21·10-1 

2.21·10-2 

1.37·10-1 

1.13 (26.06) 

 

 

1.15 (26.5) 

[128] 

La0.9Sr0.1Ga0.8Mg0.2O3-δ Solid state  
700 

800 

8.0·10-2 

1.0·10-1 

0.86 (19.83) 

0.84 (19.37) 
[152] 

La0.8Sr0.2Ga0.85Mg0.15O3-δ 

Glycine-nitrate  

Тsinter=1400 

ºС 

 

 

Glycine-nitrate 

Тsinter=1500 

ºС 

600 

700 

800 

850 

 

600 

700 

800 

850 

1.74·10-3 

5.55·10-3 

1.79·10-2 

3.36·10-2 

 

8.09·10-3 

2.63·10-3 

6.06·10-2 

7.8·10-2 

  [156] 

La0.9Sr0.1Ga0.8Mg0.2O3-δ 

 

La0.8Sr0.2Ga0.83Mg0.17O3-δ 

 

La0.8Sr0.2Ga0.8Mg0.2O3-δ 

 

600 

700 

800 

600 

700 

800 

600 

700 

800 

1.8·10-2 

6.0·10-2 

1.3·10-1 

2.6·10-2 

8.0·102 

1.7·10-1 

2.1·10-2 

6.5·10-2 

1.4·10-1 

1.11±0.003 

(25.6±0.07) 

 

1.076±0.008 

(24.8±0.2) 

 

1.074±0.007 

(24.7±0.2) 

[127] 

La0.8Sr0.2Ga0.88Mg0.1O3-δ 

 

La0.8Sr0.2Ga0.89Mg0.1O3-δ 

 

La0.8Sr0.2Ga0.92Mg0.1O3-δ 

 

La0.8Sr0.2Ga0.94Mg0.1O3-δ 

LaSrGa3O7 

Solid state  

600 

800 

600 

800 

600 

800 

600 

800 

800 

1.82·10-2 

9.31·10-2 

1.15·10-2 

5.87·10-2 

4.57·10-3 

2.95·10-2 

1.45·10-3 

9.33·10-3 

2.7·10-4 

(700-900) 

0.64 (14.7) 

 

0.73(16.8) 

 

0.82(18.9) 

 

0.87(20.1) 

1.09(25.1) 

[145] 

La0.9Sr0.1Ga0.8Mg0.2O3-δ 

 

 

La0.8Sr0.2Ga0.8Mg0.2O3-δ 

 

 

YSZ 

Glycine-nitrate 

600 

800 

1000 

600 

800 

1000 

600 

800 

1000 

2.5·10-2 

1.5·10-1 

3.9·10-1 

2.5·10-2 

1.7·10-1 

4.5·10-1 

4.0·10-3 

4.0·10-2 

1.5·10-1 

 [146] 

La0.9Sr0.1Ga0.8Mg0.2O3-δ 

 

 

La0.8Sr0.2Ga0.8Mg0.2O3-δ 

Glycine-nitrate 

600 

800 

1000 

600 

800 

1000 

1.5·10-2 

1.0·10-1 

2.6·10-1 

2.0·10-2 

1.2·10-1 

4.0·10-1 

LT/1.08(24.9) 

HT/0.74(17.06) 

 

LT/1.15 (26.5) 

HT/0.78 (17.9) 

[147] 

La0.9Sr0.1Ga0.8Mg0.2O3-δ Solid state 

700 

800 

900 

7.94·10-2 

1.51·10-1 

 2.34·10-1 

0.79±0.04 

(18.2±0.9) 
[125] 
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La1-xSrxMnO3-δ (LSM), La1-xSrxCrO3-δ (LSCr), Ba1-xSrxCo1-yFeyO3-δ (BSCF) 

For the development of mixed oxygen ionic-electronic conductors there are in principle 

two possibilities: to introduce electronic conductivity in an oxygen ion conductor or to 

introduce oxygen ion conductivity in an electronic conductor. 

One common approach is to prepare the so-called dual phase components (composites) 

by mixing a pure ionic conducting phase, e.g. stabilized zirconia or ceria with a pure electron 

conducting phase, e.g. noble metals or ceramic electronic conductors. 

Apart from the difficulties to prepare such stable dual phase components ensuring the 

necessary percolation, this approach in principle limits the maximum conductivity or oxygen 

flux. First, the effective cross section of the ion conducting phase is significantly reduced due 

to the demand of 30-40 vol.% of electronic conducting phase. Moreover, triple phase 

boundaries (ion conductor, electron conductor and gas) are required for the reduction/ 

dissociation, as well as for oxidation/recombination of the oxygen ions. Nevertheless, SOFC 

composite cathodes like LSM/YSZ show superior electrochemical properties, especially small 

overvoltages, than pure LSM cathodes. Electrons and oxygen ions are transported separately 

in the different phases, e.g. O
2-

 move through the ceramic phase and the electrons through the 

metallic phase of a cermet. This again reduces the active volume, because the conduction 

pathways have a finite length. In LSM/YSZ cathodes the electrochemical active area is 

restricted to 10-20 µm related to the electrolyte interface. In the case of pure LSM cathodes, 

however, the electrochemical processes are restricted to the triple phase boundaries along the 

cathode/ electrolyte interface. 

Another approach is the heterogeneous doping
1
 of substituted ceria with cobalt, which 

was first reported by Fagg et al. [159]. Actually, cobalt was added as a sintering aid, but it 

turned out that the oxygen permeation rate is increased by an order of magnitude. Although 

the detailed mechanisms are not completely clarified, the increase in electronic conductivity 

was also proven for a wide range of gadolinium and praseodymium-substituted ceria [160]. 

However, there is still no breakthrough in enhancing the electronic conductivity to reach 

appreciable permeation rates. 

Perovskites give the opportunity to tailor ionic and electronic conductivity intrinsically 

by doping or substitution. Considering a perovskite with the general formula A
3+

B
3+

O3 with 

A = RE and B = Mn, Co, Fe, Cr, the A-site cation is partially substituted by divalent large 

earth-alkaline cations, e.g. Ca or Sr. 

Two mechanisms exist to compensate this aliovalency. One possibility is a valence 

change of the B-site cations to a tetravalent state, e.g. in La1-xSrxMnO3-δ (LSM) or La1-

xSrxCrO3-δ (LSCr). This leads to considerable semi-conducting behavior via polaron hopping 

[161, 162], i.e. electrons can move from a B
3+

 to a neighbouring B
4+

 ion. If the B-site cation 

cannot be oxidized, oxygen vacancies are formed, which can be expressed in Kröger-Vink 

notation with Equation 24: 

 

  O

x

OLn

OLa VOSrSrO
2

1'32

            (24) 

                                                        
1 
According to Maier [Maier, J. Prog. Solid St. Chem. 1995, 23, pp 171-263] homogeneous doping is the dissolution 

of suitable materials with aliovalent ions in the matrix/crystal lattice of the host material in order to influence 

the concentration of charge carriers. Heterogeneous doping is in an analogous manner to influence the 

conductivity by “physical” addition of coexisting second phases. 
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These vacancies are important for oxygen ion conductivity following Equation 25: 

 

 
m

VO
ion

VTR

DVF






24


             (25) 

 

with ion the ionic conductivity, DV the diffusion coefficient of oxygen ions and Vm the 

perovskite molar volume. 

The combination of both mechanisms, i.e. vacancy formation and polaron hopping, leads 

to mixed oxygen ionic-electronic conduction. This particular development started in the 

1980’s when Teraoka et al. first discovered the mixed conductivity of La1-xSrxCo1-yFeyO3-δ 

(LSCF) [163]. Since only a limited fraction of Fe and Co cations can be oxidized to the 

tetravalent state for charge compensation of the Sr substitution, the mixed conductivity of 

LSCF was found to increase predominantly with increasing Sr and Co content. 

Consequently, the highest permeability and conductivity should be obtained for SrCoO3-δ. 

However, this material does not have a perovskite structure, therefore exhibits poor oxygen 

permeability. Nevertheless, it was found that the perovskite structure is stabilized by partial 

substitution of Co with e.g. Fe, SrCo0.8Fe0.2O3-δ [164]. 

A number of elements were investigated to stabilize the perovskite structure along with 

the improvement of oxygen permeation rates. Niobium was reported to be promising and 

stimulated certain interest [165]. Moreover, stabilization of the perovskite structure is also 

possible by partial substitution of Sr with Ba, leading to Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF), 

which was first reported by Shao et al. [166] and has attracted great interest due to its very 

high oxygen permeability [31]. 

The average valence of Fe and Co at high temperature is 2.8 and 2.2, respectively [167]. 

This situation entails the high oxygen permeability due to a very high oxygen vacancy 

concentration of up to δ = 0.8 [168] and the simultaneous existence of mixed oxidation states 

of the transition metals enabling the polaron hopping mechanism. 

 

5.2.2. Protonic and Mixed Protonic-Electronic Conductors 

The field of ceramic materials with protonic conductivity at elevated temperatures 

marked significant development since the first report on high-temperature protonic 

conduction in oxides published by Stotz and Wagner in 1966 [169]. 

In the early 1980s the protonic conductivity in oxides with perovskite structure was 

discovered by Iwahara et al.
 
[170]. Since then the defect chemistry and the protonic 

conduction of a variety of oxide materials have received great attention [34, 39, 43,48-51, 

171]. 

Different groups of materials with protonic conductivity were considered in the previous 

reviews [34, 172, 173] and comprise perovskites (acceptor doped (Sr,Ba)ZrO3, (Sr,Ba)CeO3; 

double perovskites as Ba3Ca1.18Nb1.82O8.73; elpasolite (Me4(Me2'M2
5+

)O11[ OV ]) and cryolite 

(Me6M2
5+

O11[ OV ]), where Me is an alkaline-earth ion, M
5+

 = Nb or Ta, and [VO] an intrinsic 

oxygen vacancy; brownmillerite compounds (e.g. Ti-substituted Ba2In2O5); acceptor-doped 

rare-earth ortho-niobates and ortho-tantalates (RE1-xAxMO4, with RE = La, Nd, Gd, Te, Er, Y, 

A = Ca, Sr, Ba and M = Nb or Ta; phosphates and solid acids. 
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Rare Earth Oxides 

Norby and Kofstad found proton conduction in Y2O3 although the conductivity values 

were low (in the range of 10
-4 

– 10
-5 

S·cm
-1

) [174, 175]. Furthermore, the proton conduction in 

numerous undoped and doped rare earth oxides with fluorite and perovskite structure were 

investigated and it was found that they also exhibit proton conduction at elevated 

temperatures [176-179]. An extensive study of equilibrium between water vapor, protons and 

oxygen vacancies in Nd2O3 and Sm2O3 doped with 1 and 2 mol.% Ca was conducted in [180]. 

These materials exhibit mixed protonic, O
2-

-ionic and p-type electronic conductivity 

depending on the environmental conditions. They are nearly pure proton conductors at 

moderate temperatures and in wet atmospheres. 

Moreover, the proton solubility at high temperatures increases with increasing stability 

and the packing density of the oxides. At the same time, the mobility of protonic defects 

decreases with increasing packing density which obviously influences negatively the proton 

conduction. 

However, a different trend was tracked e.g. for BaCeO3 which maintain its high proton 

solubility with high proton mobility. 

 

Oxides with Perovskite Structure 

Undoped and B-site doped/substituted oxides with perovskite structure as well as 

complex perovskites (double perovskites) of the types A2B'B''O6 and A3B'B2''O9 are the most 

extensively studied materials that reveal protonic conduction at elevated temperatures. As 

discussed in the paragraph 3.2., the B-site doping/substitution with a lowervalent cation 

creates the oxygen vacancies which are hydrated in the presence of water. An overview of 

materials with perovskite structure and their properties in terms of fuel cell application is 

published by Norby [43]. Perovskites are also regarded as materials for hydrogen separating 

membranes [1, 44]. In a number of studies [34, 45, 47, 50, 51, 181-185] perovskites were 

investigated to better understand the proton conduction, e.g. the mechanisms of proton 

formation and diffusivity. 

The best protonic conductivities ≥ 10
-2

 S·cm
-1 

were found for perovskites with the general 

formula A
2+

B
4+

O3 (type II-IV) with A = Ba and B = Ce, Zr, Tb, Th. They have large negative 

hydration enthalpies and low activation energies for proton conduction [43]. The protonic 

conductivity, for example of BaCe0.9Nd0.1O3-δ (BCNd), was 2.2·10
-2

 S·cm
-1

 at 900 °C in pure 

H2. This material contains considerable amounts of oxygen vacancies. However, BCNd 

exhibits also oxygen ion conductivity at temperatures higher than 800 °C. Similarly, 

BaCe1−xYxO3 (BCY) is a proton conductor at low and intermediate temperatures and an 

oxygen ion conductor at high temperature [186]. When the A-site is occupied by Sr instead of 

Ba, the conductivity drops down to 10
-2

 - 10
-3

 S·cm
-1

 (SrZrO3, SrCeO3 [170]). For instance, 

the measured protonic conductivity of SrCe0.95Yb0.05O3-δ (SCYb) was 7·10
-3

 S·cm
-1

 at 900 °C 

in pure H2 and this material is mainly a protonic conductor. Calcium-based perovskites are 

also proton conductors, especially CaZrO3. 

Within the group of perovskites A
1+

B
5+

O3 (type I-V) the proton conductivity is low, such 

as in KTaO3 [187]. Therefore this sub-class of perovskites is not attractive in terms of the 

discussed applications. Furthermore, Ca-, Sr-, Ba-doped LaErO3, LaScO3, and LaYO3 [188] 

were found to show protonic conductivity as well. 

Typically, doping of Ba- or Sr-cerates and zirconates with multivalent cations has yielded 

the best ambipolar conductivities. For instance, the use of Eu, Sm, Tm or Yb seems to 
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promote the electronic conductivity of Y-doped/substituted (Sr,Ba)CeO3 oxides. A recent 

work reported [189] a supported 20 µm-thick membrane of SrZr0.2Ce0.8-xEuxO3-δ for which a 

hydrogen flow of up to 0.5 ml·min
-1

·cm
-2

 was measured at 900 °C. Furthermore, studies [190, 

191] on BaZrO3 substituted with Pr and Mn revealed the high potential of these materials as 

hydrogen membranes and ceramic proton conducting fuel cell components. In [191] a number 

of compounds in the system BaZr1-x-yYxMyO3-δ were developed and BaZr0.8Y0.15Mn0.05O3-δ 

was pointed out as a promising candidate for industrial hydrogen-oriented applications. A H2 

flux of around 7 ml·min
-1

·cm
-2

 was predicted for a 20 µm-thick membrane at 900 °C. Further 

data on the hydrogen fluxes for numerous cerates and zirconates can be found in the reviews 

by Meulenberg et al. [1, 2]. 

With respect to the cerates and zirconates it should be mentioned that despite their 

highest protonic conductivity, there are some disadvantages that are application-limiting for 

these materials. For example, the stability in reducing atmospheres has to be mentioned, 

especially in the case of the cerates. Due to their basicity they easily form carbonates when 

exposed to CO2-containing atmospheres [192, 193]. Despite the better chemical stability of 

zirconates, their higher grain boundary resistance influences negatively the electrical 

performance [72, 78-81, 194, 195]. Furthermore, technological difficulties are experienced 

for the manufacturing of dense specimens of these state-of-the art proton conductors as 

already discussed in section 5.1. 

 

Oxides with Pyrochlore Structure 

Pyrochlore materials have been first studied for their oxygen ion conductivity [196-198]. 

Later on, the study of Shimura et al. [199] revealed the presence of protonic conductivity in 

Ln2Zr2-xYxO7-δ (Ln = La, Nd, Sm, Gd, Er), whereas Y2Ti1.8M0.2O7-δ with M= In, Mg did not 

show measurable protonic transport [199]. La2Zr2O7 was reported to show protonic 

conductivity, but not in the isostructural Ti-containing oxide [200]. Omata et al. studied the 

protonic conductivity in Ca-substituted La2Zr2O7 [201, 202]. Eurenius et al. also showed 

protonic conductivity in Sm1.92Ca0.08Ti2O7-δ, Sm2Ti1.92Y0.08O7-δ, Sm1.92Ca0.08Sn2O7-δ and 

Sm2Ti1.92Sn0.08O7-δ [203-205]. The conductivity of La2Ti2O7 was recently measured at 

relatively high temperatures (800-1000 °C) and with no emphasis on possible effects of 

protons and protonic transport [206]. Haugsrud et al. [207] studied 2% Ca-doped La2Ti2O7 

and protonic conductivity was determined to be ~5·10
-5 

S·cm
-1

 at 800 °C. The hydrogen flux 

across a Ca-doped La2Ti2O7 film with a thickness of 10 μm was estimated on the basis of the 

partial conductivities. Such a membrane would yield a hydrogen flux in the order of 0.1 

mln·min
-1

·cm
-2

 at 750 °C, a value which is lower by a factor of ~5 compared to that of 5% Yb-

substituted SrCeO3 under the same conditions. The conductivity of the three compounds La2-

xCaxCe1.5Zr0.5O7-δ (x=0, 0.02, 0.1) was measured in wet oxidizing and reducing atmosphere 

(2.5 vol.% H2O) by electrochemical impedance spectroscopy (EIS). The pO2 dependence 

revealed that these compounds exhibit an electronic conductivity at low oxygen partial 

pressure (below 10
-20

 bar) and are ionic conductors at pO2 > 10
-20

 bar. Figure 14 is an example 

of pO2 dependence at 800 °C for La1.98Ca0.02Ce1.5Zr0.5O7-δ [14]. Similar curves were obtained 

for other two compositions. The total conductivity can be then written as Equation 26: 

 

4
1

2
4

1

2 2


  OnOHOniontot pp 

          (26) 
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where ion  is the ionic conductivity, H the protonic conductivity, 2O
  the oxygen ion 

conductivity and n the electronic conductivity. 

Due to the absence of electronic conduction at high oxygen partial pressure, the total 

conductivity measured in humidified oxygen corresponds to the ionic conductivity. 

To determine the temperature range in which protons are the predominant charge carriers, 

the isotope effect on conductivity was studied [208] and EIS measurements were performed 

in deuterated O2 (pD2O=0.022 bar). It was found that the conductivity in wet O2 was higher 

than that in deuterated O2 below 500 °C. 

We then can conclude that oxygen ion conductivity dominates at high temperatures while 

protons are the main charge carrier at temperatures below 500 °C. 

The ionic conductivity in wet O2 is plotted as a function of the inverse temperature for the 

three compositions in Figure 15, showing a decrease of the ionic conductivity with higher 

Ca
2+

 content in the whole temperature range. Unexpectedly, both the oxygen ionic and 

protonic conductivities are lowered with increasing Ca content. 

The activation energy for protonic conduction ( actE ), determined from the Arrhenius 

plots for temperatures below 500 °C (Table 3), is equal to the enthalpy of mobility of protons 

( mH ) in the case of a constant proton concentration. 

 

 

Figure 14. pO2 dependence of total conductivity of La1.98Ca0.02Ce1.5Zr0.5O7-δ at 800 °C in wet atmosphere 

(pH2O=0.025 bar) [14]. Reproduced from [14] by permission of Elsevier Ltd. 

Table 3. Activation energy for protonic conduction in wet air  

(pH2O=0.025 bar), T ≤ 500 °C 

 

 La2Ce1.5Zr0.5O7-δ La1.98Ca0.02Ce1.5Zr0.5O7-δ La1.90Ca0.10Ce1.5Zr0.5O7-δ 

Ea (eV) 0.89 0.97 0.98 
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Figure 15. Ionic conductivity of La2-xCaxCe1.5Zr0.5O7-δ (x=0, 0.02, 0.1) in wet atmosphere (pH2O=0.025 

bar) [14]. Reproduced from [14] by permission of Elsevier Ltd. 

If trapping effects are present, an additional energy-related term for proton trapping by 

the dopant ( tH ) has to be added (Equation 27) [209]: 

 

tmact HHE 
2

1
             (27) 

 

As the composition La2Ce1.5Zr0.5O7-δ exhibits a lower activation energy for protonic 

conduction than the substituted ones La2-xCaxCe1.5Zr0.5O7-δ (x=0.02, 0.1), it was speculated 

that the defects '
LaCa

 
trap protons, resulting in a lower protonic conductivity. 

 

Oxides with Defective Fluorite Structure: Ln6-XWO12-Δ 

Shimura et al. [210] studied La5.8WO11.7 in electrochemical hydrogen pumping 

experiments. For this material protonic conductivity of 5·10
-3

 S·cm
-1

 was measured in wet H2 

at 900 °C and a protonic transport number between 0.7 and 0.9 was determined in H2 

atmosphere. 

Haugsrud [211] studied defects and transport properties in undoped and Ca-doped 

Ln6WO12 with Ln = La, Nd, Gd, and Er. As a general feature, these materials exhibit protonic 
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conductivity in wet atmospheres and below ~900 °C. In oxidizing and reducing conditions 

and elevated temperatures Ln6WO12 becomes predominantly a semiconductor. Maximum 

total conductivity in the range 3-5·10
−3

 S·cm
-1

was observed at about 850 °C for undoped 

Ln6WO12 (Figure 16). 

1% Ca- doped La6WO12 exhibits higher protonic conductivity (6·10
-4

 S·cm
-1

) than 1% 

Ca-doped Nd6WO12 (~4·10
-4

 S·cm
-1

) and Er6WO12 (~ 1·10
-4

 S·cm
-1

)
 
at 800 °C in wet H2 [211]. 

An extensive research on the impact of different acceptor doping schemes in Ln6-xWO12-δ 

on the conductivity and H2-flux was carried out [212-216]. 

In several publications, the feasibility of tungstates as membranes for H2 separation was 

studied by flux measurements or theoretically estimated [210, 213, 217, 218]. 

A comparison of the ambipolar conductivity [217] of undoped La6-xWO12-δ and 5%-Yb-

substituted SrCeO3 (state-of-the art material) came to the conclusion that the undoped 

La6WO12 is a good candidate for membrane applications. 

Permeability data were calculated by Norby et al. [218]
 
for La6WO12, SrCeO3 and 

Er6WO12. The proton flux was calculated considering a 10 μm thick membrane with feed-side 

pressure of 10 atm H2 and assuming that the flux is described by the Wagner equation, i.e. 

through the bulk diffusion mechanism. The predicted hydrogen permeation for La6WO12 at 

800 °C has a value of about 2.0 mln·min
-1

·cm
-2

 which is higher than SrCeO3 and Er6WO12 

yielding hydrogen fluxes at the same temperature of about 1.0 mln·min
-1

·cm
-2

 and less than 

0.1 mln·min
-1

·cm
-2

, respectively. 

The hydrogen flux was experimentally determined by Escolástico et al.
 
[213] through a 

510 μm thick membrane of Nd6-xWO12-δ. At the feed and sweep side, a mixture of humidified 

20 % H2/He and argon was used, respectively, both sides at atmospheric pressure. At 

temperatures below 900 ºC, the electron conductivity seems to be the limiting factor, while at 

high temperatures (above 900 ºC) the p-type conductivity becomes predominant and the 

protonic conductivity is the limiting step, likely due to the low concentration of protons in the 

oxide lattice. 

 

 

Figure 16. Total AC conductivity (10 kHz) as a function of inverse temperature for undoped and Ca-

doped La6WO12 (A), Nd6WO12 (B), Gd6WO12 (C), Er6WO12 (D) in H2+2.5 vol.% H2O and D2+2.5 

vol.% D2O atmospheres in the temperature range from 300 to 1100 °C. Reproduced from
 
[211] by 

permission of Elsevier Ltd. 
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As reported furthermore by Escolástico et al. [214], the H2 flux for (La5/6Nd1/6)5.5WO12-δ 

measured at 1000 °C was in the range from 5·10
-3

 up to 5·10
-2

 ml·min
-1

·cm
-2

 depending on the 

concentrations of H2 and H2O. However, these values are similar to those reported for 

(Nd5/6La1/6)5.5WO12-δ membranes [215] (Figure 17) below 900 °C, although a substantial 

improvement was expected by considering the higher protonic conductivity of the La-rich 

compound. 

As a consequence, the lack of flux improvement is due to the insufficient electronic 

conductivity. The significantly higher flux obtained for La-containing samples at 

temperatures above 900 °C (Figure 17, right) is also related to the positive contribution of 

oxygen ion transport in the hydrogen separation process via water splitting process. 

As discussed with Escolástico and Serra (CSIC, Valencia, Spain) in a private 

communication, the H2 flux of La5.5WO12-δ and Nd5.5WO12-δ can be significantly improved by 

doping with transition metal ions. Values of above 0.2-0.3 ml·min
-1

·cm
-2

 at 700 ºC were 

indicated for 0.4 µm-thick monolithic membranes. 

 

Niobates/Tantalates 

Protonic conductivity was found in several acceptor-doped rare earth ortho-niobates and 

ortho-tantalates (RENbO4 and RETaO4) at elevated temperatures and in a humid atmosphere 

[219]. These oxides exhibit mixed protonic, oxygen ionic and electronic conduction 

depending on the ambient conditions. 

Both the low-temperature monoclinic and the high-temperature tetragonal polymorphs 

show protonic conduction with higher values for the tetragonal polymorph. Maximum 

protonic conductivity of about 9·10
−4 

S·cm
−1 

was found for the A-site Ca-doped LaNbO4 at 

950 °C in wet H2 [219]. 

This value is the highest measured so far for rare earth niobates. The investigations of 

Haugsrud and Norby [220] showed that the Ca substitution on the A-site plays a beneficial 

role and the conductivity is higher than that of pure LaNbO4 studied in [221], and to that of a 

single B-site doped materials, e.g. LaNb0.99Ti0.01O4-δ [222] and LaNb1-xMxO4-δ with M = Ga, 

Ge, Si, B, Ti, Zr, P, Al [223]. 

 

 
Reproduced from [215] by permission of Elsevier Ltd. 

Figure 17. Hydrogen flux as a function of temperature for Nd5.5WO12-δ and (Nd5/6La1/6)5.5WO12-δ at three 

different pH2 in the feed stream. Both membrane sides were humidified at room temperature. 
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Norby et al. [224] patented acceptor-doped rare earth ortho-niobate and ortho-tantalates 

with a general formula Ln1-xAxM1-yByO4 where Ln = Y, La-Lu, A = Mg, Ca or Sr, M = Nb or 

Ta and B = Mg, Sc, Al, Ti, Zr, Fe, Mn, Eu having a valence smaller than that of M; the 

substitution can be varied in the range 0 < x,y < 0.1 with at least one of x or y > 0. The use of 

the materials as an electrolyte in a laboratory-scale fuel cell and water vapor sensor was also 

demonstrated in the patent. Due to its very close ionic radius to that of Nb, Ti was examined 

as either as a B-substituent [222, 223] or as additional substituent on the B-site in addition to 

Ca on the A-site [222]. For both cases, significant n-type contribution to the conductivity was 

found in reducing atmospheres, especially in the case of Ti and Ca-containing compound. 

Therefore, it was suggested for potential application as a H2 separation membrane. 

In a recent study by Ivanova et al. [225] on B-site doped (LaNb0.99B0.01O4-δ with B = Ga, 

Ge or In) and co-doped LaNbO4 (La0.99A0.01Nb0.99B0.01O4-δ with A = Ca or Ba; B = Ga, Ge or 

In) using a humidified mixture of 9% H2-N2, it was shown that either the single B-site doping 

or the co-doping of LaNbO4 were not as beneficial as the single A-site doping by Ca [219, 

220]. The conductivity values for single B-site doped LaNbO4 were much lower than those 

for the co-doped samples. However, the combination of Ca and Ga gave total conductivity of 

about 4·10
−4 

S·cm
−1 

at 900 °C, which was the highest total conductivity within the 

investigated series. 

Furthermore, Fjeld et al. [226] published an extensive impedance study of a single A-site 

doped La0.995Sr0.005NbO4-δ supported by TEM-EDS analyses at the grain boundaries and triple 

grain junctions in order to elucidate the reason for the low grain boundary conductivities of 

this proton conductor. Based on the performed microstructural characterization and 

comparison of the electrical properties of samples sintered at different temperatures, it was 

shown that the grain boundary conductivity exhibits a higher functional dependence on pH2O 

than the grain interior at 400 °C. 

This is an indication for the role of space charge layers in the grain boundaries of 

acceptor-doped LaNbO4. A comparison between the conductivity values of doped and 

undoped lanthanum niobates measured in H2 atmosphere is presented in Table 4. 

A variety of studies on rare earth ortho-tantalates has shown that these materials also 

exhibit protonic conductivity which generally is an order of magnitude lower than that of 

niobates [218]. With decreasing ionic radius in the row La→Nd→Gd→Er the activation 

energy for protonic conduction increases and this tendency holds both for ortho-niobates and 

ortho-tantalates. Table 5 summarizes the total conductivity and protonic conductivities of 

acceptor-doped LnTaO4 at 1000 °C according to [218]. 

 

 

5.3. Effects of Additives on the Chemical and Mechanical Stability 
 

5.3.1. Oxygen Ionic and Mixed Oxygen Ionic-Electronic Conductors 

 

ZrO2 

Doping/substitution also affects the mechanical properties of the electrolyte material. The 

mechanical robustness is a determining factor for the manufacturing of thin solid electrolyte 

membranes (thickness less than 7-10 μm; for example, a dense 8YSZ electrolyte with 

thickness of 1 μm was developed at Research Center Jülich for SOFCs [88]). 
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Table 4. Conductivity values (in S·cm-1) for various lanthanum niobates 

 

Compound Atmosphere T (°C) 
σtot,10 kHz 

(S·cm-1) 

σbulk 

(S·cm-1) 

σprot.,emf 

(S·cm-1) 
Ref. 

LaNbO4 H2+2.5%H2O 

800 

900 

1000 

~8-9·10-6 

<2·10-5 

~4-5·10-5 

<2·10-5 

~4·10-5 

~6·10-5 

 [221] 

La0.99Ca0.01NbO4-δ H2+2% H2O 

800 

900 

1000 

~7.5·10-4 

~9·10-4 

~1·10-3 

 

~7.5·10-4 

~8.5·10-4 

~9·10-4 

[220] 

La0.98Ca0.02NbO4-δ H2+2.5%H2O 

800 

900 

1000 

~3·10-4 

~4·10-4 

~5·10-4 

7·10-4 8·10-4 [221] 

La0.98Sr0.02NbO4-δ H2+2.5%H2O 

800 

900 

1000 

<4·10-4 

~4.5·10-4 

<6·10-4 

8·10-4  [221] 

La0.98Ba0.02NbO4-δ H2+2.5%H2O 

800 

900 

1000 

3·10-4 

<4·10-4 

<5·10-4 

5·10-4  [221] 

LaNb0.99Ti0.01O4-δ H2+2.5%H2O 
800 

1000  

7-8·10-5 

~1·10-4   [222] 

LaNb0.99Ga0.01O4-δ 

 

LaNb0.99Ge0.01O4-δ 

 

LaNb0.99In0.01O4-δ 

wet 9%H2+ N2 

800 

900 

800 

900 

800 

900 

7.7·10-5 

1.1·10-4 

~5·10-5 

7.6·10-5 

7.3·10-5 

1.4·10-4 

  [225] 

La0.99Ca0.01Nb0.99Ga0.01O4-δ 

 

La0.99Ca0.01Nb0.99Ge0.01O4-δ 

 

La0.99Ca0.01Nb0.99In0.01O4-δ 

wet 9%H2+ N2 

800 

900 

800 

900 

800 

900 

~3·10-4 

~4·10-4 

1.2·10-4 

1.7·10-4 

1.7·10-4 

2.5·10-4 

  [225] 

La0.99Ba0.01Nb0.99Ga0.01O4-δ 

 

La0.99Ba0.01Nb0.99Ga0.01O4-δ 

 

La0.99Ba0.01Nb0.99Ga0.01O4-δ 

wet 9%H2+ N 

800 

900 

800 

900 

800 

900 

1.3·10-4 

1.8·10-4 

4.9·10-5 

7.6·10-5 

2.1·10-4 

2.9·10-4 

  [225] 

La0.99Ca0.01Nb0.99Ti0.01O4-δ H2+2.5%H2O 
800 

1000  

2·10-3 

4·10-3 
  [222]  

 

Yamamoto [227] studied the tetragonal polymorph of ZrO2 (t-ZrO2) aiming at improving 

the mechanical properties of ZrO2-based electrolytes. 

The fracture toughness of the t-ZrO2 is much higher (1200 MPa) compared with the value 

of 300 MPa measured for the cubic modification (c-ZrO2). t-ZrO2 is stabilized with minor 

Y2O3 additions [228]. 
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Table 5. Total and protonic conductivities (in S·cm
-1

) of acceptor-doped LnTaO4  

at 1000 °C 

 

Compound 
Total conductivity 

(S·cm-1) 

Protonic conductivity 

(S·cm-1) 

La0.99Ca0.01TaO4-δ 4·10-4  ~2·10-4  

Nd0.99Ca0.01TaO4-δ 2·10-4  < 2·10-4 

Gd0.99Ca0.01TaO4-δ 8·10-5 < 5·10-5 

Er0.99Ca0.01TaO4-δ 4·10-5 4·10-5 

 

In [229], a composite solid electrolyte material was developed by mixing 3YSZ(t-ZrO2) 

with 8YSZ(c-ZrO2) in a weight ratio 1:1. The study was carried out to determine the effect of 

the tetragonal phase 3YSZ on mechanical and electrical properties of the material. 

The composite had higher bending strength compared to the two starting phases. 

Furthermore, the longer the sintering time, the better the mechanical properties of the 

material. Certain ceria- and zirconia-based composites, e.g. Ce0.9Gd0.1O1.95:8YSZ and 

Sc0.1Ce0.01Zr0.89O1.95:8YSZ exhibit appreciable mechanical stability combined with high ionic 

conductivity [229]. 

As it was mentioned in the previous paragraphs, despite its high ionic conductivity in the 

intermediate temperature range, Bi2O3 retains its ionic character only in a very restricted 

range of pO2. This material suffers also from insufficient chemical and mechanical stability 

independent on stoichiometric variations: at low pO2 (pO2 ≈ 10
-13 

bar) and temperatures of 600 
о
C Bi2O3 reduces to metallic Bi. 

 

Mixed Conductors 

There is a principal trade-off between performance and stability in mixed oxygen ionic-

electronic conductors. Highly permeable materials always suffer from low thermal, chemical, 

and/or mechanical stability. In BSCF showing the highest permeability so far, all of these 

stability issues are considerable disadvantages. Therefore, the different issues concerning this 

material are discussed below. 

As already explained in section 5.2.1, the permeability is closely linked to the oxygen 

vacancy concentration and thus to the reducibility of the transition metal ions. Consequently, 

the highest permeability is achieved using perovskites with high Co-content. 

On the contrary, high vacancy concentrations can lead to vacancy ordering, which is 

accompanied with a strongly reduced diffusivity of the oxygen ions. SrCo0.8Fe0.2O3-δ for 

instance is prone to the formation of a brownmillerite structure, in which 1/6 of the oxygen 

sites of the perovskite are vacant, i.e. the oxygen deficiency δ is 0.5 already in pure N2 

atmosphere at temperatures of 600 – 900 °C, whereas in BSCF it is not. 

The oxygen non-stoichiometry δ of BSCF was even found to be around 0.6 – 0.8 in this 

temperature range. Reasons might be the higher basicity and/or size of the Ba
2+

 ion compared 

to that of Sr
2+

 ion, potentially destabilizing highervalent B-site cations, i.e. tetravalent or 

trivalent transitions metals Co and Fe. 

However, the mechanism is not completely understood so far [230]. At high temperatures 

BSCF exhibits a cubic perovskite structure enabling the high permeability. Below 840 °C a 

hexagonal polymorph occurs [231], first discovered by Švarcová et al. [232]. 
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Recently, it was found that a miscibility gap exists [233] rather than a phase transition. 

This instability leads to degradation of the oxygen permeation rate in synthetic air as shown 

in Figure 18 (open squares). Stabilization of the cubic perovskite phase is therefore 

investigated by co-doping the B-site with higher valent cations such as Zr
4+ 

[234] or Nb
5+

 

[235]. A further degradation mechanism arises due to the presence of alkaline earth elements 

at the A-site. This leads to a pronounced reactivity with gaseous species such as CO2, SOx, 

H2O, etc. As Ba and Sr tend to form very stable carbonates and sulphates this leads to severe 

degradation of the oxygen permeation rate using ambient air as shown in Figure 18 (solid 

squares). The mechanism of carbonate formation is ongoing [236] and substitution strategies 

have to be derived.nAnother issue is the phase stability in reducing atmospheres such as H2 or 

CH4. The transition metal ions are reduced to the metallic state and thus the perovskite 

structure is destroyed. Therefore, material development is ongoing to substitute Co by less 

reducible elements such as Al or Zn [237]. For industrial applications, the mechanical 

stability also has to be considered. High performance perovskites such as BSCF show several 

anomalies in mechanical behavior in the intermediate temperature regime, i.e. mechanical 

properties such as elastic modulus, fracture toughness, and strength of BSCF showed a 

minimum at 200 – 500 °C [238]. Furthermore, at temperatures above 800 – 850 °C, very high 

creep rates are observed, which are obviously dependent on the crystallographic phase [239]. 

 

5.3.2. Protonic and Mixed Protonic-Electronic Conductors 

 

Barium Cerates and Barium Zirconates 

Barium cerate reacts with carbon dioxide to form carbonates at temperature below 1150 

°C [240, 241] (Equation 28) and with water vapor to form hydroxides below 400 °C [240] 

(Equation 29). Figure 19 shows the change of Gibbs free energy for the hydration and 

carbonation reactions of barium cerate. 

 

 

Figure 18. Degradation of the permeation rate of BSCF at 800 °C using ambient (solid squares) and 

synthetic air (open squares). 
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Figure 19. Gibbs free energy of hydration and carbonation reactions of barium cerate. The partial 

pressure of water vapor and carbon dioxide were assumed to be 10
5 
Pa. Reproduced from [240] by 

permission of the Electrochemical Society. 

BaCeO3 + CO2 (g) → BaCO3 + CeO2            (28) 

 

BaCeO3 + H2O (g) → Ba(OH)2 + CeO2           (29) 

 

A similar instability was observed for 10 mol.% yttrium-substituted barium cerate 

BaCe0.9Y0.1O3-δ (BCY10) [242], commonly studied as a proton conductor. Different 

approaches have been attempted to increase the stability of barium cerate based materials as 

briefly outlined here. 

Ba-deficient compounds: By using an A:B ratio smaller than 1 the reactivity towards 

carbon dioxide and water vapor is limited. However, this non-stoichiometry is detrimental for 

protonic conductivity [243-245]. 

Choice of the substituent: Matstumoto et al. [240] showed a lower stability temperature 

when using substituents with smaller ionic radii. This resulted also in a lower conductivity (an 

order of magnitude lower at 600 °C when using In instead of Y). 

Double-substitution: For example, simultaneous substitution with Y and Sn [246] 

resulted in higher chemical stability. However, it also led to decreased conductivity compared 

to BCY10. Furthermore, BaCe0.7Nb0.1Gd0.2O3-δ was found to be stable after exposure to 94% 

N2 +3% CO2 +3% H2O at 700 °C for 20 h [247]. 

Zr substitution: The higher the difference of electronegativity between the cation and the 

anion, the more basic the oxygens, resulting in a stronger reactivity towards CO2 or H2O [41]. 

The Allred-Rochow electronegativities of cerium, yttrium and zirconium are 1.07, 1.11 and 

1.22 respectively. As a result, substituting part of the cerium cations with zirconium cations 

makes the compound more stable. When exposed to 100 vol.% CO2, 30-40 mol.% Zr are 

necessary to stabilize the solid solution of barium cerate-barium zirconate [65, 67, 248, 249]. 

Figure 20 [67] is an example of thermogravimetric results recorded in pure CO2 from room 

temperature to 1250 °C for 4 different compositions in the Ba(Ce,Zr,Y)O3 system. 
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Figure 20. Thermogravimetric measurements in 100% CO2 atmosphere recorded on four BCZY 

powders (BCZY09=BZY10:BaZr0.9Y0.1O3-δ, BCZY27:BaCe0.2Zr0.7Y0.1O3-δ, BCZY63:BaCe0.6Zr0.3Y0.1O3-

δ and BCZY90=BCY10:BaCe0.9Y0.1O3-δ). Reproduced from [67] by permission of Elsevier Ltd. 

There is a weight increase due to the formation of barium carbonate when increasing the 

temperature only for compositions with less than 30 mol.% Zr. As shown above, the 

reactivity of BaCeO3-based compounds is related to the basicity of the oxygen anions. As the 

proton incorporation is also depending on this basicity (higher incorporation for higher 

basicity) [50, 250, 251], one has to make a compromise between the stability and the protonic 

conductivity of the barium cerate-based compounds. The study by Escolástico et al. [191] 

showed that compounds in the series BaZr1-x-yYxMyO3-δ (M=Fe, Pr or Mn) are stable after 

being exposed to a mixture of 10 vol.% CO2 and 90 vol.% CH4 in a short term test carried out 

at 800 °C. As shown in Figure 21, there is no phase degradation of the cubic BaZr1-x-

yYxMyO3-δ compounds after the test, whereas BaCe0.9Eu0.1O3-δ and BaZr0.9Y0.1O3-δ suffers 

from carbonation (see Figure 21B). Brandão et al. [252] published guidelines for improving 

the stability against CO2 of ABO3 perovskites with A = Ca, Sr, Ba and B = Ti, Zr, Ce, Sn. 

Based on computational thermodynamic analysis the authors represented the reactivity with 

CO2 by stability phase diagrams of the relevant AO–BO2–CO2 systems. It was shown that the 

CO2 tolerance can be strongly affected even with minor compositional changes. Thus, slight 

A-site deficiency was pointed out as a suitable measure to improve the CO2 tolerance of 

mainly (Ba,Sr)TiO3 and (Ba,Sr)ZrO3 perovskites. The tolerance to CO2 was furthermore 

correlated with to the structural tolerance factor, t (see Equation 1), and it can be furthermore 

used for predictions when relevant thermodynamic data are not available. 

 

Niobates and Tantalates 

For investigation of the stability of doped niobates and tantalates the corresponding 

powders were exposed to a continuous gas flow of 115 ppm H2S, 4.43 vol.% CO2, 2.12 vol.% 

CO and 92.09 vol.% H2 at 30 bar and 50 ml·min
-1

 gas flow rate. These conditions were 

selected to assess the stability in CO2 and S-containing atmospheres, as those encountered in 

applications such as water gas shift reactors fed with gasified coal or biomass. The 

temperature was 500 ºC and the samples were held under these conditions for 40 h. 
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(a) 

 

 
(b) 

Figure 21. XRD diffraction patterns of compounds from the BaZr1-x-yYxMyO3-δ-series before and after 

stability test in a mixture of 10 vol.% CO2 and 90 vol.% CH4 carried out at 800 ºC for 72 h. XRD 

diffraction pattern of BaCe0.9Eu0.1O3-δ was added for comparison [191]. Reproduced from [191] by 

permission of  the Royal Society of Chemistry. 
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Figure 22 shows the XRD patterns of the investigated samples before and after exposure 

to the experimental conditions. Comparing the results before and after the stability test, it can 

be concluded that niobates and tantalates are stable after this short-term test. Although 

decreased intensity was observed for the Ga-containing samples after the test, they do not 

show any new crystalline phase. 

 

Tungstates 

As shown in the work by Escolástico et al. [213] Ln6-xWO12-δ powders were tested at 700 

°C and 800 °C for 72 h in dry and humidified (2.5 vol.% H2O) continuous gas flow of 10 

vol.% CO2 and 90 vol.% CH4. These conditions were chosen in order to simulate the 

operating conditions in CO2/H2 separation. The experimental temperature was selected to be 

high enough to initiate carbonation or other reactions, but below the limit of carbonate 

decomposition. As a result, the whole set of materials remained unchanged after the treatment 

at both temperatures, regardless of its original sintering temperature and lanthanide ion. 

Moreover, the addition of water to the CO2-rich gas stream had not effect on the material 

stability. 

 

 

6. STRUCTURAL, CHEMICAL AND FUNCTIONAL 

EFFECTS OF ADDITIVES AND SUBSTITUENTS IN ZEOLITE 
 

6.1. Modification of the Pore Size, Polarity and Adsorption Behavior 
 

Zeolite NaA (shown in Figure 23) is one of the most technically produced zeolites. With 

a pore size of 0.41 nm and a Si/Al-ratio of 1 for high hydrophilic character, NaA is 

commercially used for a number of dewatering processes. The small water molecule (0.26 

nm) can enter the pores and is adsorbed by the polar sites inside the cages. In technical 

adsorption columns the wet gases are streaming through the zeolite bed until the zeolite is 

nearly saturated with water. For desorption the zeolite bed is heated (temperature swing 

adsorption) or the pressure is decreased (pressure swing adsorption), while the zeolites are 

sweeped with a part of the dry gas. 

Larger polar gas molecules can enter the cages of zeolite NaA and strongly adsorb inside 

during the drying of alcohols, amines or H2S by adsorption technology over long time. 

Reactive gases like olefins and acetylenic hydrocarbons can be polymerized inside the zeolite 

pores. By exchanging the extra-framework Na
+
 with the larger K

+
 the open windows of 

zeolite A are contracted to 0.38 nm (zeolite 3A) minimizing the risk of pore entering by large 

molecules. 

Zeolite 3A is the first choice for dehydration of polar and reactive gases by adsorption 

[254]. By replacing two of the extra-framework Na
+
 by one smaller Ca

2+
 the window is 

widened to 0.45 nm. The so-called zeolite 5A allows the separation of normal and iso-

paraffins and cyclic hydrocarbons because branched and ring compounds are not able to enter 

the pores. Exchanging the Na
+
 for Ca

2+
 also increases the point charge of the extra-framework 

cations, changing the adsorption behavior. Therefore zeolite 5A is used for CO2 removal prior 

to the adsorptive air separation and for CO and N2 adsorption in H2 production from water gas 

shift (in combination with carbon). 
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Figure 22. XRD patterns of doped niobates and tantalates before (A) and after (B) treatment in a gas 

mixture containing 115 ppm H2S, 4.43 vol.% CO2, 2.12 vol.% CO and 92.09 vol.% H2 at 30 bar and 50 

ml·min
-1

. The test was carried out at 500 ºC for 40 h [253]. 



Ceramic Materials for Energy and Environmental Applications  263 

 

Figure 23. Illustration of extra framework monovalent cation positions in one window of zeolite A [27]. 

For filtration on atomic scale, water-containing organic liquids or gaseous mixtures are 

streamed across the membrane surface. The two relevant processes are called pervaporation 

(PV) and vapor permeation (VP). Driven by a partial pressure difference, only water is 

permeating through the narrow zeolite pores. The advantages of the membrane processes are 

the continuous processing, very low product loss and lower energy consumption. A first 

industrial plant for the dewatering of ethanol by PV was equipped with NaA membranes 

prepared on the outside of ceramic tubes by the Japanese company Mitsui Engineering and 

Shipbuilding Co. Ltd. (Mitsui) [255]. A commercial bio-ethanol dewatering by VP with NaA 

membranes was first preceded by Bussan Nanotech Research Institute Inc. [256]. In Europe, 

Inocermic GmbH (today Fraunhofer IKTS-Hermsdorf branch) equipped in 2007 equipped a 

first pilot plant for bio-ethanol dewatering by PV with zeolite membranes prepared inside a 

four channel structure and in 2009 an industrial scale plant [257] (see Figure 24). Besides 

ethanol, several other organic solvents like methanol, propanol and higher alcohols, as well as 

ketones and ethers can be dewatered with NaA membranes. By cation exchange with Ca
2+

, 

zeolite 5A membranes can be prepared in order to be permeable also for small organic 

molecules like methanol. 

 

 

6.2. Modification of the Thermal and Hydrothermal Stability 
 

The zeolite LTA has narrow pores making the material interesting for gas separating 

membranes. The high surface charge of the single LTA crystals prevents a defect-free 

intergrowth. In dewatering processes (PV and VP) remaining narrow mesopores are filled 

with water. 

However, these pores are considered as defects in dry gas separation techniques, where 

defect-free membrane layers with high degree of intergrowth are required [258]. In the 

presence of water, the hydrothermal stability of LTA is limited to 200 °C [259] and there is 

nearly no tolerance against acetic attacks in liquid solutions. Lowering the Al content would 

extend the potential application of LTA membranes. Dealumination by steam treatment 

allows the decrease of the Al content of LTA powders but this approach produces mesopores 

[260]. 
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Figure 24. Industrial pilot plant for dewatering of ethanol with NaA-membranes of Fraunhofer IKTS. 

Reproduced from [257] by permission of John Wiley and Sons Inc. 

Corma et al. [261] found a synthesis route for Al-free pure silica LTA. The so-called 

ITQ-29 was prepared by using a special structure-directing agent (SDA). A very high thermal 

stability (up to temperature of 800 °C) was observed also in the presence of water (2.5 vol.%). 

However, the relatively high viscosity of the synthesis gel complicated the membrane 

manufacturing [262]. 

Huang et al. [263, 264] used a crown ether to prepare an Al-free LTA with 1/3 Ge
4+

 on 

the lattice sites of Si
4+

. Hence, the synthesis conditions and the low surface charge of Al-free 

LTA enabled the preparation of thin molecular sieving membrane layers on top of porous 

Al2O3-supports. 

Zeolite structures can also be constructed from [AlO4]
5-

- and [PO4]
3-

-tetrahedrons. No 

extra-framework cations are necessary to make the AlPO-crystals less polar in contrast to the 

high Al-containing zeolites. A H2-selective membrane of AlPO-LTA was prepared by Huang 

et al. [265, 266] using a crown ether-SDA. The hydrothermal stability of this material has not 

been studied yet. 

Sodalite is a zeolite structure built only by the β-cages of zeolite LTA (see Figure 7). The 

6-rings are the largest openings with a diameter of 0.28 nm making the material interesting 

for high selective H2- and H2O-separation based on the molecular sieving mechanism. First 

water and hydrogen selective hydroxo-sodalite (H-SOD, Na4(Si3Al3O12)(OH)) membranes 

were prepared by Khajavi et al. [267] and Xu et al. [268]. 

However, the high Al-content of the material (Si/Al = 1) caused a low hydrothermal 

stability. Therefore Bibby et al. [269] developed Al-free SOD (schematically shown in Figure 

25) by using a SDA-supported synthesis. 

Same high hydrothermal stability was found for powder samples as for the Al-free LTA 

(ITQ-29). Münzer et al. [270] crystallized defect-free membrane layers of Al-free SOD on top 

of porous Al2O3 supports. However, during thermal de-templating to empty the SOD cages 

the layers always cracked. In conclusion, defect-free hydrothermally stable molecular sieves 

made of SOD membranes cannot be prepared by a SDA-supported synthesis. 

The SDA-free synthesis allowed the manufacturing of crack-free membrane as illustrated 

in Figure 26. 

An additional extra-framework Na
+
 is compensated by an extra-framework OH

-
, which is 

localized in the middle of the SOD cage and stabilizes the SOD structure. The small OH
-
 

(0.26 nm) potentially leaves the cage in high thermal and hydrothermal condition causing a 

collapsing of the SOD structure. The H-SOD synthesis with additional Na2S causes a partial 

substitution of the small OH
-
 by the bigger S

2-
 (0.34 nm) or SO2

2- 
(0.46 nm). 
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Figure 25. Al-free SOD-structure. 

 

Figure 26. SEM image of a membrane layer made of sulfur-stabilized SOD. 

This bigger anions are not able to leave the cage leading to a high thermal and 

hydrothermal stability identical to that of A-free SOD and LTA (ITQ-29). Molecular sieving 

behavior was found in H2-separation tests also at higher temperatures. 
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CONCLUSION 
 

This chapter gave a brief overview on ceramic materials for energy and environmental 

applications, and more specifically, on tailored ceramic compositions for membrane 

applications. The harsh operating conditions, e.g. high operating temperatures and aggressive 

gas environments that these materials have to withstand, along with their functional properties 

and mechanical durability, have led to their wide implementation in several applications 

during the past years. Due to the number of benefits they offer in comparison to other 

material classes, e.g. polymer or metals, ceramic materials are the choice in component 

development either for SOFC/SOEC technologies and a number of gas separation tasks using 

membranes. 

The most interesting materials for energy- and environmentally-oriented applications 

were discussed in terms of their structural characteristics and the transport mechanisms that 

govern the overall mass transfer through the membranes, either as bulk or microporous solids. 

Materials of each structural class were discussed illustrating the effects of 

doping/substitution on sinterability, chemical and mechanical stability as well as on 

electrical/electrochemical properties. It was shown how the dopants/substituents directly 

affect the phase stability, shrinkage during the heat treatments to lowered sintering 

temperatures, as well as improvement of the ionic/protonic or mixed ionic/ protonic-

electronic conductivities with some references to the conductivities of grain interior and 

boundaries. Certain negative effects, as trapping of charge carriers, were also considered. 

Strategies based on doping/substitution to enhance the chemical, thermal and hydrothermal 

stability were also mentioned. It was shown how functional properties of ceramic materials 

can be modified according to the needs of targeted applications, although this process is 

rather complex due to the number of specific technological parameters to be taken into 

account and the whole variety of operational requirements towards materials selection. 

Several properties can be influenced simultaneously by doping or substitution of a selected 

material. The optimization of one property often leads to disadvantageous changes of another 

property resulting in a “best compromise” for the targeted operating conditions. 

Modifying the material on an atomistic scale usually leads to a macroscopic response due 

to the chemical and electrostatic interactions, crystallographic and structural effects, which all 

are interlinked and sum up to an improved material functionality. 
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